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Abstract
Inorganic solid electrolyte materials have recently become the focus of considerable
interest due to the discovery of novel compounds with high ionic conductivities (>
10−4 S·cm−1 ). Sulfur based solid electrolytes are particularly notable in this regard,
as well as for their compatibility for Li-S electrode systems. This work applies computational methods based on density functional theory to the problem of identifying and
characterizing novel electrolyte materials, with an emphasis on the Li2 S-P2 S5 system. In
addition to a broad overview of likely materials, two compounds are studied in depth,
Li7 P3 S11 and Li3 PS4 . For Li7 P3 S11 the results show excellent agreement with respect to
migration energetics, and good agreement with the experimentally described structure
and observed stability. For Li3 PS4 , in addition to structure, stability, and migration
energetics, the properties of the interface between the electrolyte and vacuum and the
electrolyte and lithium metal are considered.
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Part I
Background
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Chapter 1
Battery Chemistry and Challenges
1.1

Fundamental Operation

Li-ion batteries power electronic devices from cell phones to sports cars, and have become
the standard for high power and high energy battery applications. This dominance has
only served to spur forward interest in extending the capabilities and applications of Liion technology. Solid electrolyte materials, especially lithium thiophosphate compounds
are a promising avenue for improving battery safety and lifetime, as well as potentially
enabling new electrode materials with significantly improved capacity. Before it is possible to explain in detail how solid electrolytes have the potential to resolve some of the
current issues facing Li-ion battery technology, it is useful to understand what factors
have contributed to the success of Li-ion batteries thus far.
A battery is a transducer that converts between chemical energy and electrical energy,
and in a rechargeable battery this transformation is reversible, and obeys the expression
∆µN ⇐=====⇒ Q∆V ,
(chemical)
(electrical)

(1.1)

where µ is the chemical potential, N is the number of particles, Q is the total charge
transferred between the electrodes, and V is the battery voltage. In practice measuring
the absolute value of the chemical potential, the number of particles, or the total charge
transferred is less convenient than just working with the voltage directly, so relation 1.1
is rearranged to give:
µA − µC
.
(1.2)
∆V =
q
In this instance µA and µC denotes the chemical potential of the anode and cathode
respectively, while q is Q/N or the charge per particle. Because equation 1.2 describes
only a voltage difference, the voltage/chemical potential of a neutral hydrogen electrode
is commonly defined to be zero, and other electrode materials are described with their
voltage relative to hydrogen.
Metallic lithium is among the most strongly reducing of all materials and has one of
the lowest electrochemical voltages −3.04 V [1]. Out of all the materials reported in the
Electrochemical Series section of the CRC Handbook of Chemistry and Physics, only four
2

have lower electrochemical voltages than Li. This low voltage is advantageous for energy
storage, since the energy stored in a battery is the product of the charge transferred
between the electrodes and the electrochemical voltage difference (E = Q∆V ) between
the electrodes. Since the voltage of Li is so extreme Li-ion batteries often exhibit larger
voltage differences, and thus get more energy per mobile charge, than competing battery
systems.
In addition to lithium’s low electrochemical voltage, it is also among the smallest
and lightest of the elements, which contributes to both decreased battery weight and
higher discharge rates, since the Li ions are more mobile than larger and heavier ionic
species. Size considerations are particularly important for lithium’s incorporation into
the structure of the electrodes, which must contain voids large enough to accommodate
mobile ions.
The low electrochemical voltage that makes lithium so well suited for energy storage
applications also presents substantial difficulties in selecting an electrolyte that is not
itself reduced by the lithium electrode. In practice this issue is often resolved kinetically
by the formation of a passivating layer known as the solid electrolyte interphase (SEI) [2].
While the SEI passivates the electrode and prevents catastrophic failure of the battery,
it is formed partially from active material and contributes to capacity loss. Furthermore,
while a kinetic barrier to the electrode/electrolyte decomposition reaction is desirable,
the SEI can also serve as a kinetic barrier to Li-ion migration, and migration through
the phase is often the rate limiting step for charging and discharging a Li-ion battery [3].

1.2

State of the Art

Li-ion batteries are used to power a vast array of devices, from laptop computers to
the Spirit and Opportunity Mars Rovers [4], and the vast application space has allowed
a number of different competing formulations to proliferate. The first commercial Liion battery combined a graphite anode with a LiCoO2 cathode as depicted in Figure
1.2 and this formulation remains among the most popular. In this configuration, the
Li atoms are incorporated into the gaps between the 2D layers in both of the electrodes, a process known as intercalation. The small size of Li allows the transitions from
LiCoO2 ↔ Li1−x CoO2 and C ↔ LiC6 to occur relatively reversibly and with a small
enough volume change in the electrodes to avoid compromising the battery’s integrity.
The most common electrolyte for this and similar systems is a salt such as LiPF6 dissolved in a mixture of organic solvents, typically ethyl carbonate, diethyl carbonate and
dimethyl carbonate. Additional cathode chemistries involve substituting in Ni or Mn for
the more expensive Co, producing compounds such as LiNi1−y Coy O2 and LiMn0.5 Ni0.5 O2
and realized capacities for these materials are in the range 140–180 mAh/g. Graphite
on the other hand, has a charge capacity of almost 372 mAh/g. This markedly higher
capacity combined with its low material cost helps explains the greater focus on, and the
greater number of of novel cathodes [2, 6].
The electrode materials are chosen primarily on the basis of their redox voltage; the
electrochemical potential of the lithiated graphite anode is ≈ −2.9 relative to hydrogen,
while the transition metal redox couples present in the transition metal oxides like LiCoO2
3

Figure 1.1: Li-ion battery shown in both the charged and discharged state. The intercalation of the Li between the sheets of both graphite and LiCoO2 can be clearly seen. The
existence of intercalated Li in the cathode even when fully charged reflects the instability
of LiCoO2 below a certain level of lithiation. Adapted from reference [5] with permission
of the Royal Society of Chemistry.
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and LiMn2 O4 have voltages between +1 V and +2 V, depending on the material and the
depth of discharge. As a consequence a typical Li-ion cell has a voltage of nearly 5 V,
two to three times the cell voltage of a lead acid (2.1 V) or Nickel-metal hydride (1.2 V)
battery. The carbonate solvents used for the electrolyte are chosen based on their ability
to survive these large voltages, usually via SEI formation, and also for their low viscosity,
which allows ion flow and assists fast ion transport [2, 7]. While this combination of
materials has been very successful, several limitations remain.
Li-ion batteries are constructed in the discharged state, so that the transition metal
oxide cathode is fully lithiated. Unfortunately, the cathode, especially LiCoO2 is typically
the most expensive material contained in the battery, and beyond a certain threshold of
Li discharge the cathode irreversibly loses stability and capacity. This capacity loss is
why it is not recommended to routinely fully discharge Li-ion batteries. In LiCoO2 this
failure mode is due to the sheets between which the Li is intercalated forming bonds which
block regions of the cathode material, compromising both capacity and conductivity. As
a consequence, only around half of Li in the expensive cathode material can reliably
function as active material for the battery. Using alternate cathode chemistries such as
LiFePO4 resolves some of these issues, but at the cost of reduced voltage and capacity.
A more serious issue is that because Li-ion batteries are designed for maximum voltage, the electrolyte needs to be stable against being oxidized/reduced over a 5V range.
The carbonate electrolytes used in current cells, typically a mixture of ethylene carbonate and dimethyl carbonate, are only stable against oxidation and reduction within the
approximate voltage window from −2 V to +1.8 V, which means the electrolyte is reduced at the graphite anode and imposes some limitations on the adoption of higher
voltage cathodes. These side reactions form a host of different compounds on the face
of the electrodes, and cause capacity loss and other forms of battery degradation [3].
Replacing graphite with other anode chemistries, often Li4 Ti5 O12 resolves the lack of
compatibility of the electrolyte, but at the cost of reduced voltage (−1.6 V) and dramatically reduced capacity (170 mAh/g). For some applications the lack of the SEI makes
up for the loss of energy density, because without the SEI serving as a bottleneck for Li+
diffusion, Li4 Ti5 O12 based batteries often exhibit higher charge/discharge speeds, which
yields higher power densities.
The most serious potential risk associated with electrolyte decomposition is that of
Li dendrite formation. If, while charging the battery Li cannot be incorporated into
the electrode quickly enough, either due to the low ionic conductivity of the SEI or
other factors, the Li can plate and form wire-like dendrites in the electrolyte. Unlike
the carbonate solvents, these dendrites are electrically conductive and are capable of
short circuiting the battery along with the associated resistive heating and sparking.
The carbonate electrolyte mixture used in Li-ion batteries has a flash point near 30 ◦ C
and due to its flammability Li-ion batteries have occasionally caught fire. Li dendrite
formation in liquid electrolytes is also a significant issue that prevents the use of Li metal
instead of LiC6 as a Li battery anode. Current Li-ion battery design thus requires a large
focus on safety, which is primarily due to the lack of inherent safety in the electrolyte.
Most Li-ion batteries contain microelectronic circuits that help to regulate charging and
prevent overcharging the cell, since overcharge accelerates SEI formation [3]. Additional
safety measures are incorporated into battery packs for the large format cells used in
5

electric vehicles and aerospace applications.

1.3

Solid Electrolyte Materials

One of the most promising avenues for improving Li-ion batteries is the development of an
electrolyte with a wider electrochemical stability range and improved safety properties.
This would allow Li-ion batteries to operate without undesirable side reactions at the
electrode surfaces consuming active material and limiting conductivity, as well as avoid
the considerable effort now devoted to ensuring Li-ion cells do not spontaneously catch
fire. The dominance of the liquid carbonate electrolytes is due to their high conductivities,
on the order of 10 mS·cm−1 , and the primary challenge in replacing carbonate electrolytes
is the discovery and design of a system with a similarly high conductivity without the
inherent safety and stability drawbacks of the organic solvents.
While there are many electrolyte systems under development in addition to the liquid
organics that represent the current state of the art, including ionic liquids and polymer
based electrolytes, the focus of this thesis is on inorganic solid electrolytes. In addition
to being good candidates for accurate modeling, inorganic solid electrolyte have shown
remarkable improvement in recent years. A large number of novel electrolyte materials
have been developed that show dramatically improved conductivity, with some exhibiting
conductivities as high as 12 mS·cm−1 [8, 9]. Additionally, many of them have stable and
non-volatile chemistries, which result in superior safety performance.
Solid electrolytes also have superior performance in low-power thin film batteries
where concerns over stability and leakage currents are more significant than maximizing
power and energy storage density [10, 11]. As low-power portable microelectronics become more ubiquitous, the importance of this form of battery technology is projected to
increase dramatically [12, 13]. The addition of thin films of solid electrolytes have also
been shown to increase the stability of batteries that rely primarily on organic liquid
electrolytes [14].
In addition to direct improvements in safety and compatibility with existing electrode
chemistries, solid electrolytes have the potential of allowing new electrode chemistries
with greater charge storage densities such as the Li-S battery. The Li-S battery, incompatible with current electrolyte chemistries due to the solubility of some of the Li
polysulfides [15], has a theoretical capacity of 1675 mAh/g, five times greater than current cathode materials. Lithium thiophosphate solid electrolytes have already been used
to create Li-S cells, and if further progress can be made on this system it has the potential
to become the dominant Li-ion chemistry [16].
To illustrate the properties that contribute to fast ion conduction in solids we examine
the superionic conductor AgI. Silver iodide above 147◦ C has a conductivity on the order
of 1 S·cm−1 , among the highest of all solid ionic conductors. At room temperature on
the other hand its ionic conductivity is 10−5 S·cm−1 . This dramatic increase is due to a
phase transition from wurtzite β-AgI to body centered cubic α-AgI. In the β phase the
silver sublattice is fully occupied, with a low concentration of silver vacancy or interstitial
defects and strong coordination between silver ions. In the α phase, the I− ions form a
rigid sublattice, but there are 42 possible silver ion sites and only two silver ions per unit
6

cell. Some work suggests that of the 42 possibilities the 12 tetrahedral sites are slightly
lower in energy than the 24 trigonal and 6 octahedral sites, and thus are preferentially
occupied, but the energy differences are smaller than the average thermal energy and
the concentration of silver ions relative to empty silver sites remains low. With the large
number of empty sites, there is little to no coordination in the silver sublattice, and the
silver ions are distributed randomly over the available sites. The silver ions are free to
diffuse, and the observed high ionic conductivity is thus a result of the significant disorder
on the Ag sublattice which allows each Ag+ ion to function as a mobile charge carrier.
The high degree of disorder on the silver sublattice has been described as sublattice
melting. The motivation for this terminology can be elucidated by examining the entropy
change associated with the β-AgI → αAgI and the αAgI → molten AgI transitions. The
entropy associated with the phase transition from β → α is 14.5 J(mol·K)−1 , while the
transition from α-AgI to liquid AgI is only 11.3 J(mol·K)−1 . Compared to the entropy of
fusion for a typical ionic solid such as NaCl, 24 J(mol·K)−1 , it is clear that the breakdown
of crystalline order in AgI occurs in two distinct phases [17].
While not all of the solid electrolytes exhibit this sort of model behavior, it is important to emphasize the role that entropy and disorder play in ionic conductivity. Ion
disorder plays such a significant role in ion conduction since disorder is necessary for the
existence of mobile charge carriers and conduction channels. The ionic conductivity of a
material is given by
X
σ=
qi ci mi ,
(1.3)
i

where qi is the charge of the mobile species, ci is the ion concentration, and mi the ionic
mobility. The sum on i includes the movements of all ionic species in the crystal, but is
specifically included to emphasize that both ions and ion vacancies can serve as charge
carriers. Ion conduction can occur via interstitial or vacancy carriers, or can occur due
to both simultaneously. Aliovalent doping, which replaces some of the atomic species
in a crystal with a species with a different number of valence electrons, can be used to
increase the concentration of either interstitial or vacancy carriers. For systems in which
the mobility of one species is much higher than the other, doping can have a significant
effects on ionic conductivity.
The mobility mi is given by the expression mi = qi D/kT , where k is the Boltzmann
constant and T the absolute temperature, while the diffusion coefficient D can be expressed as D = D0 exp(−EA /kT ), where EA is the activation energy for diffusion. The
ionic conductivity can thus be rewritten in terms of an Arrhenius relation
σT = A exp[−Ea /kT ] ,

(1.4)

σ = A exp[−Ea /kT ]

(1.5)

although the relation
is also common in the literature [17]. Here, as in the previous expressions σ is the ionic
conductivity, T the absolute temperature, k is the Boltzmann constant, and Ea is the
total activation energy. For ionic conductivity Ea is given by the equation
Ea = Em +
7

Ef
,
2

(1.6)

where Em is the energy barrier to migration for the mobile ionic species and Ef is the
energy required to form a vacancy-interstitial pair, i.e. Frenkel defect.
The temperature dependence of the Arrhenius prefactor in equation 1.4 can be derived
from the random walk model, while equation 1.5 is a predominantly empirical formula.
The disconnect between the model and the empirical result occurs because the random
walk model’s assumption of dilute non-interacting mobile ions breaks down at higher
temperatures in superionic conductors. In practice the two expressions are used almost
interchangeably, as uncertainty in the exponential term often dominates the temperature
dependence of the prefactor. A more detailed derivation of the Arrhenius relations and a
discussion of the underlying assumptions can be found in reference [17]. The constituent
terms of the activation energy can be estimated from calculations and provide one of
the primary means of comparing computational and experimental results for the ionic
conductivity of electrolyte materials.
In summary, good solid ionic conductors contain a large concentration of free carriers
at room temperature, so that the energy required to form defects (Ef ) is small. This
implies the existence of a large number of ionic sites with similar energies, and commonly
results in fractional occupation among the sites. Additionally, the migration barriers
(Em ) between the resulting defect sites should also be small.
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Chapter 2
Computational Methods
This section provides a broad overview and justification for the computational methods
used throughout this work. For a more detailed description of the methods corresponding
to an individual project, consult the relevant methods section in the appendix.

2.1

Density Functional Theory

The properties of materials are largely determined by the interactions of individual atoms
governed by the time-independent Schrödinger equation
E|Ψi = H|Ψi ,

(2.1)

where H is the Hamiltonian operator for the system given by
X ∇2
X X q 2 ZA
X ∇2
2
e
A
− h̄
−
H = −h̄
~
2MA
2me
re |
e
e |RA − ~
A
A
1 X X q 2 ZA ZB
1 XX
q2
+
.
+
~A − R
~ B| 2
2 A B6=A |R
|~re − ~rg |
e g6=e
2

(2.2)

Here capital letters correspond to atomic nuclei while lower case letters refer to electrons.
~ and ~r describe the
MA is the mass of each nucleus, me is the mass of the electron, R
positions of nuclei and electrons respectively, while ZA denotes the atomic number and
q the fundamental charge. This expression contains terms for the kinetic energy of both
electrons and nuclei, as well as terms describing the interaction via the electromagnetic
force between all of the nuclei and electrons in the system. Analytical solutions to the
Schrödinger equation are untenable for many electron systems, as the coulomb interactions between the electrons due to the last term in this expression constitute a many-body
problem, i.e. a large system of coupled differential equations.
With no feasible analytical approach, the numerical approach begins with the variational principle which guarantees
EGS ≤ hΨ̃|H|Ψ̃i ,
9

(2.3)

where EGS is the ground state energy of the system. Ψ̃ is some normalized wave function
with the property that if and only if Ψ̃ = Ψ then the equality holds, and for all Ψ̃ 6= Ψ
the inequality holds. This allows approximate solutions to equation 2.1 to be found
via numerical minimization algorithms. While this is somewhat encouraging, numerical
solutions to the full problem scale poorly. The wave function Ψ depends on every particle
in an N particle system, and thus the number of degrees of freedom of the system is
roughly 3N . This is impractical for large N , since numerical methods for finding minima
in very high dimensional spaces are not well established and remain an area of active
research.
Since bulk materials are comprised of approximately 1023 ions and electrons, it is
necessary to vastly reduce the scope of the problem before there is any hope of solving
it. For crystalline systems, this turns out to be possible due to the periodicity of the
crystal lattice. If we consider a single electron in an extended periodic crystal, the sum
of its electrostatic interaction with the other electrons and nuclei can be expressed in
terms of a potential V (~r). Because the positions of the nuclei and electrons in the crystal
must by definition possess the periodicity of the crystal lattice then for every atom at
point ~r an identical atom is at point ~r + T~ , where T~ is any linear combination of the
crystal lattice vectors. The potential experienced by the electron V (~r) must also possess
this same symmetry, so that V (~r) = V (~r + T~ ). The Hamiltonian for the system is thus
invariant to lattice translations, as in general is every observable, and the wavefunction
possesses the property that
|Ψ(~r)|2 = |Ψ(~r + T~ )|2 .
(2.4)
The most important practical consequence of this result is that for a crystalline material,
the properties of the bulk are uniquely determined by the properties within a single unit
cell, and the number of particles needed to describe or model a system can be reduced
from 1023 to 102 − 104 with no loss of accuracy.
While the periodicity of crystalline materials allows the system size to be reduced to
2
10 –103 particles, solving a minimization problem in hundreds or thousands of dimensions
is still almost impossible, and practical quantum mechanics calculations must necessarily
further pare down the dimensionality of the problem. A straightforward simplification
of equation 2.2 to reduce N by ignoring the contributions from the nuclear degrees of
freedom. This is known as the Born-Oppenheimer approximation and is motivated by
the observation that the mass of a nucleon is approximately 1840 times the mass of an
electron, so that MA  me . The nuclear kinetic energy term in equation 2.2 is thus much
smaller than the corresponding kinetic term for the electron, and is typically ignored. The
interaction between the nucleons and the electrons can be treated as a potential external
to the electrons Vext (~r), and the nuclear repulsion term as an additive constant to the
energy. Equation 2.2 is thus rewritten as
H = −h̄2

X ∇2
1 XX
q2
e
+ Vext (~r) +
.
2m
2
|~
r
−
~
r
|
e
e
g
e e6=g
e

(2.5)

This equation preserves the terms for the electron kinetic energy and the electron-electron
interaction, but the nuclei have now been defined to be outside of the system, and thus
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the electron-nuclear interaction is captured by the interaction with the external potential
Vext (~r) =

XX
A

e

q 2 ZA
.
~ A − ~re |
|R

(2.6)

While useful, the Born-Oppenheimer approximation still leaves N large for many
electron systems, and these remain computationally intractable. This difficulty is greatly
reduced by Density Functional Theory based on the Hohenberg-Kohn theorems [18, 19].
In this formulation, the total energy is written as a functional of the electron density,
which exists in 3 dimensional, instead of 3N dimensional space. In principle there is no
loss of accuracy associated with this dramatic reduction in dimensionality, as a one-toone mapping exists between the ground state wavefunction Ψ and the density n. The
Hamiltonian is rewritten, so that each electron interacts only with the average electron
density, and the many-body interactions of the full Schrödinger equation are transformed
into a series of separable problems. The total energy in the Density Functional Theory
formalism is given by the equation
EGS [n] = hΨ[n]|H|Ψ[n]i = hΨ[n]|T + Veff |Ψ[n]i .

(2.7)

Here T is the kinetic energy operator for a single electron, and Veff is the effective potential
due to the electrons interaction with the external potential (including the atomic nuclei)
and the interaction with the electron density. The full form of Veff is
Z 2
q n(~r 0 ) 3 0
d ~r + Vxc (~r) .
(2.8)
Veff = V (~r) +
|~r − ~r 0 |
While in principle, and in the case of simple systems like the free electron gas, DFT
is an exact formulation, in practice, Vxc , the so-called exchange-correlation potential,
and the corresponding exchange-correlation functional Ex c is unknown. These unknown
terms include the contribution from many-body effects (correlation) and the Pauli exclusion principle (exchange). For the work in this thesis the exchange-correlation functional used is the local density approximation (LDA). In the LDA approximation, the
value of the potential at point r is a function only of the electron density at that point.
The LDA approximation typically underestimates lattice constants, but the results for
the fractional coordinates and the relative energies are relatively reliable. While other
exchange-correlation functionals exist, and some of them are more accurate than LDA
over a larger number of material properties, in general the choice of exchange correlation
functional is not the limiting factor for accuracy in the simulations presented in this work.
The results of DFT include material structure and geometry, as well as the formation
enthalpy for a compound compared to possible competing structures and phases. In
addition to atomic positions and lattice constants, the electronic ground state can also be
used to investigate the energy of transition states. Transition state energetics determine
the barriers to Li diffusion, which is an important application for the study of electrolyte
materials.

11

2.2

Implementation

The theory outlined in the previous section is useful for a numerical approach to finding
approximate solutions to the Schrödinger equation. In addition to the approximations
made at the theoretical level, the broad outline of the numerical implementation are also
worth delineating.
One of the methods used to reduce the system size to manageable levels is the Bloch
theorem, which guarantees that the wavefunction in a periodic potential is also periodic.
Most numerical implementations of density functional theory take advantage of this by
expanding the wavefunction using plane wave basis functions. This is conceptually similar
to solving the Schrödinger equation in the momentum basis, instead of the position
basis. Waves are typically described via their wave number, k, which is familiar from
relationships such as p = h̄k. Following this terminology the solution space is typically
referred to as k-space, and the points used to sample it are referred to as k-points. The
number of basis functions (waves with different wave number k) used in a calculation
is typically treated as a convergence parameter, as is how densely these functions are
sampled.
The problem is often further simplified by considering only the valence electrons actually involved in atomic binding. This approach, the so-called frozen core approximation,
allows for the density to be modeled with a smaller number of plane waves, since the
valence electron density is less localized and thus smoother and more periodic than the
tightly bound electrons of the inner shells. The potential that results from freezing the
inner core atoms is referred to as a pseudopotential. In practice some work is necessary
to identify which electrons should be considered valence and to ensure both that the core
states remain orthogonal to the valence states and that the charge density is continuous at the boundary. Different approaches to resolving these issues have led to different
flavors of pseudopotentials.
Most of my work has been done within the projector augmented wave (PAW) pseudopotential framework [20]. The PAW method in addition to the frozen core approximation attempts to smooth out the valence electron density within a sphere centered on the
nucleus. Within this region, interaction with the rapidly varying core electron density
can cause localized distortion of the otherwise smooth valence electron density. Because
localized distortion require a large number of plane wave basis functions to model accurately, the wave function within some spherical radius known as the augmentation region
is modelled in a more local basis. The partial waves within the augmentation sphere can
then be mapped back to the planewave basis by the use of projector functions.
In a typical calculation, the electrons interact with the average electron density until
self-consistency is achieved. The classically treated nuclei then interact with each other
and the electron density via some relaxation algorithm, typically a quasi-Newton method
such as BFGS. This continues until the difference between subsequent values of the
total energy and internal forces reach some convergence threshold. The final atomic
configuration, electron density, and the energy of the system has then been established.
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2.3

Additional sources of error

While several approximations, including the Born-Oppenheimer approximation, the LDA
exchange correlation functional, and the potentially limited resolution of plane wave
basis sets or k-point sampling have been mentioned, these are not in general the greatest
sources of error for the calculations in this work. The larger issues for modelling Liion electrolytes, especially the modelling of diffusion processes is the inability of a zero
temperature theoretical framework to fully capture effects such as entropic site disorder.
These effects are known to be an important aspect for both ion conduction and structure
in solid electrolyte materials.
Another limitation is that defect concentrations are not realistically modelled. While
defect formation and migration is an integral part of ion conduction in electrolyte materials, obtaining a physically accurate concentration or distribution of defects requires very
large supercells, with large numbers of atoms. The computational cost of very large supercells in prohibitively high within the formalism used for these calculations, and based
on convergence testing the supercell errors for the relative defect energies presented in
this work are expected to be on the order of 10−2 eV.
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Part II
Summary of Published Work

14

Chapter 3
Computer modeling of lithium
phosphate and thiophosphate
electrolyte materials
This work was published in the Journal of Power Sources, volume 196, issue 16, pages
6870–6876, 2011. The full text of the paper may be found in the appendix.

3.1

Overview

This publication is a survey of likely electrolyte materials and investigates various Li thiophosphate compounds, and where appropriate their phosphate analogues. The materials
considered include the following experimentally observed structures Li3 PS4 and Li3 PO4 ,
Li7 P3 S11 , Li7 PS6 and Li6 PS5 Cl, Li4 P2 S6 and Li4 P2 O7 , while the compounds Li4 P2 O6 and
Li4 P2 S7 were examined, but have not been experimentally realized. For the materials
that have not been observed experimentally, the crystal structures were generated by optimizing the atomic coordinates of the corresponding phosphate/thiophosphate lattice.
Similarly, the forms of Li6 PS5 Cl, Li4 P2 S6 , and Li3 PS4 presented in this work corresponded
to low-temperature phases not experimentally characterized at the time of publication.
The Li6 PS5 Cl structure was generated by comparison with Li6 PS5 I, while the Li3 PS4
structure was generated by comparison with Li3 PO4 . The calculated Li4 P2 S6 phase was
obtained directly from optimization of the experimentally determined high temperature
structure.
The results include the optimized structures and enthalpies of formations for all materials, the density of states for all materials except for Li7 P3 S11 , and a exploratory study
of Li-ion migration in the Li4 P2 O7 and Li4 P2 S7 materials.

3.2

Publication results and conclusions

The results for the crystal geometries agreed well with experiment in most cases. The
calculated lattice constants were 0.02–0.3 Å smaller than experiment, in all cases except
for Li7 P3 S11 . This is broadly consistent with the use of the LDA exchange-correlation
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functional, and the deviation for Li7 P3 S11 , is explored in depth in the next chapter. The
atomic positions in the simulated materials exhibit excellent agreement with experiment,
with deviations smaller than 0.05 in fractional coordinates in almost all instances.
The results for the heats of formation were qualitatively consistent with experimental
results. Quantitative comparison is somewhat complicated because experimental measurements of heats of formation are relatively rare in the literature and there is variation
both within the experimental conditions under which this data is gathered, and between
the experimental conditions and our zero temperature calculations. The estimated quantitative error for these calculations in approximately 0.5 eV, but this value is difficult
to estimate with high confidence without further comparison. The relative heats of formation of similar materials are expected to be more accurate, which allows for good
qualitative predictions of possible decomposition reactions.
Qualitatively our results predict thiophosphate Li4 P2 S6 to be stable relative to decomposition, while phosphate Li4 P2 O7 is predicted to be highly unstable. For Li4 P2 S7
and Li4 P2 O7 the situation is reversed. This agrees well with the fact that Li4 P2 S6 and
Li4 P2 O7 have been observed experimentally, while the other two compounds have not.
Li7 P3 S11 was concluded to be marginally stable with respect to Li4 P2 S7 and Li3 PS4 ,
which is consistent with the fact that it has been experimentally synthesized [9]. The
stability of Li7 P3 S11 is further discussed in section 3.4 and chapter 4. Li3 PS4 and Li3 PO4
are both predicted to be stable, and have both been observed experimentally. Both of
the argyrodite materials Li7 PS6 and Li6 PS5 Cl are predicted to be marginally unstable
with respect to decomposition.

3.3

My contributions

I performed only a limited number of simulations for this project, and was primarily
responsible only for the work on the Li argyrodite material Li6 PS5 Cl. I did contribute
to the analysis of the results and assisted in writing the manuscript and preparing it for
publication.

3.4

Further results and conclusions

In the paper Li7 P3 S11 is reported to be marginally stable with respect to decomposition into Li3 PS4 and Li4 P2 S7 . While this is true, Li4 P2 S7 is itself a metastable phase.
Relative to the more stable Li4 P2 S6 , Li7 P3 S11 is predicted to be only metastable. This
metastability has also been characterized experimentally [21].
According to heat of formation analysis, Li7 PS6 was predicted to be somewhat unstable relative to decomposition
∆H(Li7 PS6 ) = ∆H(Li3 PS4 ) + 2∆H(Li2 S) + 0.32 eV .

(3.1)

This result is well supported by experiment. While crystalline Li7 PS6 has been observed experimentally, the synthesis contains significant Li3 PS4 and Li2 S impurities, suggesting, as in our analysis, that Li7 PS6 is a slightly metastable phase [22].
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Chapter 4
Computer Modeling of Crystalline
Electrolytes: Lithium
Thiophosphates and Phosphates
This work was published in the Journal of The Electrochemical Society, volume 159, issue
5, pages A538–A547, 2012. The full text of the paper may be found in the appendix.

4.1

Overview

This work examined in detail the structure, enthalpy of formation, and Li-ion migration
properties of the experimentally observed thiophosphate material Li7 P3 S11 as well as the
theoretical phosphate and phosphonitride analogues, Li7 P3 O11 and Li8 P3 O10 N. While
the oxygen based structures have not been experimentally observed, they provide a well
defined point of comparison and offer possible insight into LiPON glass electrolytes [10].
Crystalline Li7 P3 S11 can be precipitated from an 70Li2 S-30P2 S5 glass, and a significant
improvement in Li-ion conductivity relative to the glassy precursors is associated with
the formation of the crystalline phase [21]. While Li7 P3 S11 is a metastable phase at
room temperature, it can be synthesized directly by quenching the 70Li2 S-30P2 S5 melt,
and is thus best described as stable high temperature phase, with a stability regime at
approximately 650–700◦ C [23].
Li7 P3 S11 exhibits a room temperature ionic conductivity of 3–5 ×10−3 S·cm−1 , with
reported activation energies Ea in the range 0.12–0.18 eV [9, 21, 24]. Unlike many other
Li superionic conductors the Li7 P3 S11 crystal structure as reported does not exhibit
fractional occupancy of a Li sublattice. Part of the goal of this work was understanding
the high ionic conductivity in spite of the apparent lack of disorder and mobile Li ions.

4.2

Publication results and conclusions

Li7 P3 S11 crystallizes in the relatively low symmetry P1̄ structure with two formula units
per unit cell as visualized in Figure 4.1. Due to the relatively small scattering crosssection of the Li ions, two slightly different structures for Li7 P3 S11 have been reported,
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Figure 4.1: A visualization of the crystal structure of Li7 P3 S11 with the unique Li positions labeled 1–7.
with similar lattice constants but variations in the Li positions. Of the reported structures
one was determined by x-ray diffraction and the other by neutron scattering [9, 25]. For
our modeling, both of these forms were considered. The structure derived from optimizing
the x-ray diffraction results was labeled simply Li7 P3 S11 , while the structure derived from
the neutron results was denoted Li7 P3 S11 ∗ . The x-ray structure was determined to be
energetically more stable that the Li7 P3 S11 ∗ variant by 0.07 eV/Formula Unit, and was
taken to be the standard for this analysis.
The calculated and experimental crystal structures showed relatively good agreement. Overall the lattice constants in both structures exhibited the contraction relative
to the experimental structures typical of DFT-LDA calculations, but approximately corresponded. The lattice constants for Li7 P3 O11 and Li8 P3 O10 N were predictably smaller
than for the corresponding thiophosphate material.
The atomic coordinates for the phosphorous and sulfur sites showed excellent agreement among both calculated and both experimentally characterized structures, consistent with the deviations being due to the difficulty of locating the Li ions. The
phosphate and phosphonitride fractional coordinates predictably show stronger deviations from the Li7 P3 S11 structure, but the deviations are consistent with similar phosphate/thiophosphates comparisons [26]. Several metastable forms of Li7 P3 O11 similar to
the reported structure were also discovered, which suggests that Li7 P3 O11 is likely to be
a glassy material, and indeed no crystalline forms have been reported. Similar behavior
was not observed during the optimization of Li8 P3 O10 N.
The heat of formation calculations indicate that both forms of Li7 P3 S11 are metastable
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relative to decomposition into Li4 P2 S6 , Li3 PS4 and excess sulfur, which agrees well with
experimental observations [23]. Li7 P3 O11 was also predicted to be metastable relative
to decomposition into Li3 PO4 and Li4 P2 O7 and the difficulty of optimizing its structure
suggests it may be difficult to crystallize, and it has not been reported experimentally.
Li8 P3 O10 N is predicted to be very slightly unstable with respect to decomposition into
Li3 PO4 and Li5 P2 O6 N. This instability is consistent within the lack of experimental
observation of the material, but is within the error of our calculations, and the synthesis
of stable or metastable Li8 P3 O10 N may be possible.
We considered the possible vacancy and interstitial defects in all four structures.
There was significant variation in the relative defect energies between the Li7 P3 S11 and
the Li7 P3 S11 ∗ structures, consistent with the different distribution of the Li atoms in both
structures. More interestingly, our investigation found a significant number of low energy
interstitial sites in both structures, especially in Li7 P3 S11 . The Frenkel defect formation
energy associated with moving native Li atoms into these sites was Ef ≈ 0 eV. In the
phosphate and phosphonitride case low energy interstitial sites were not observed, and
the estimated Ef was 0.8 eV and 1.2 eV for Li7 P3 O11 and Li8 P3 O10 N respectively.
Additionally, significant distortion of the local crystal structure occurred due to the
formation of defects in the thiophosphate materials, especially in Li7 P3 S11 ∗ . While this
distortion was most pronounced for the Li atoms, the P and S atoms were also affected.
These deviations were also present to a lesser degree in the phosphate and phosphonitride
structures. A quantitative description of this phenomenon is available in the published
paper which can be found in the appendix.
In Li7 P3 S11 the calculated migration barrier energy Em showed excellent agreement
with experiment. The calculated value of was determined to be Em = 0.15 eV. Because
Ef was calculated to be zero for this structure, this result exactly corresponds to the
experimental measurement of EA = 0.15 eV. In the theoretical work this Em value corresponds with a migration along the b-axis of the crystal. Along the a-axis the barrier was
0.29 eV, while it was 0.43 eV along the c-axis. The results for metastable Li7 P3 S11 ∗ were
qualitatively similar, but the instability of some of the vacancy sites in the metastable
structure prevented a direct comparison of the lowest energy paths. For Li7 P3 O11 and
Li8 P3 O10 N the migration barriers substantially larger, Em = 0.52 eV for the phosphate
case and Em = 0.60 eV for the phosphonitride.
Our investigation found the presence of metastable interstitial sites correlated significantly with low migration barriers. The regions of the Li7 P3 S11 crystal that had the
highest concentration of these sites also exhibited the highest ionic conductivity. Even in
the simulations of pure vacancy migration the interstitial sites can be identified as local
minima along the migration path, as seen in Figure 4.2. These sites appear to play an
important role in stabilizing the low energy transition paths. No low energy interstitial
sites were identified in the region near the Li 5 and 6 sites, and in this region the migration barrier is 0.43 eV. The phosphate and phosphonitride materials also lack regions
with a high density of interstitial sites and have correspondingly high migration barriers.
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Figure 4.2: Migration paths along each of the crystallographic axes in Li7 P3 S11 . The
numbers along the y-axis correspond to the seven unique Li positions in the crystal visualized in Figure 4.1. Repeated numbers within a path represent symmetrically equivalent
positions. In addition to minima at the numbered atomic positions, the low energy paths
show a substantial number of local minima which correspond to metastable interstitial
positions.
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4.3

My contributions

I performed most of the calculations and analysis on Li7 P3 S11 , and all of the reported
results on the defects in that structure. I also performed all the simulations related to
the discovery of interstitial sites in all structures considered, and contributed to the work
on vacancy migration and defect pair formation in Li7 P3 O11 and Li8 P3 O10 N.
Dr. N. A. W. Holzwarth performed the original structural simulations on Li7 P3 O11 and
Li8 P3 O10 N and contributed to the vacancy migration study in those materials. She also
performed much of the exploratory work and analysis on the Li7 P3 S11 ∗ structure derived
from the neutron diffraction data. Dr. Holzwarth also performed most of the calculations
used for the heat of formation results, although I contributed to the analysis.
Dr. Holzwarth and I wrote the manuscript together, and I presented a selection of
the results from the paper at the APS March Meeting in both 2011 and 2012, as well as
the 2012 Electronic Structure Workshop.

4.4

Further results and conclusions

While the glass to crystalline transition typically results in a lowering of ionic conductivity
due to the confinement of mobile charge carriers, the very low value of Ef for the Li7 P3 S11
materials suggests negligible energy barriers to the generation of mobile defects. In
addition to the small scattering cross section of the Li ions, the low energy metastable
interstitial sites may also have contributed to the difficulty of determining the Li positions
from diffraction data.
The excellent agreement between the phosphorous and sulfur atomic positions despite
the different distribution of Li ions in the Li7 P3 S11 and Li7 P3 S11 ∗ structures suggests
that the these atoms do partially serve as a rigid structural backbone through which
the Li+ diffuses. The significant distortions associated with defect creation on the other
hand suggests that the geometry remains somewhat responsive to the Li disorder and
maintains some of the properties of the Li2 S-P2 S5 glass precursor. Since the activation
energy in the precursor glass is approximately 0.4 eV [27], consistent with the largest
migration barriers calculated for Li7 P3 S11 , it is probable the improved ionic conductivity
in the crystalline phase is due to long range ordering that allows these bottlenecks to
be avoided. In other words, the alignment of the highly conducting regions of Li7 P3 S11
create the ion conduction channels typical of a superionic conductor. In the glassy phase
this long range order is disrupted, and the channels are effectively blocked by the less
conductive regions.
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Chapter 5
Structures, Li+ mobilities, and
interfacial properties of solid
electrolytes Li3PS4 and Li3PO4 from
first principles
This work was published in Physical Review B, volume 88, issue 10, page 104103, 2013.
The full text of the paper may be found in the appendix.

5.1

Overview

Recent experimental work created a nano-porous form of Li3 PS4 with substantially increased ionic conductivity. Seeking to connect this result to earlier work on both Li3 PO4
and Li3 PS4 and further motivated by recent experimental investigations of bulk Li3 PS4 ,
this paper investigated the bulk and surface properties of Li3 PS4 and the Li3 PO4 phosphate analogue. In addition to results on the relevant crystallographic phases and the
energetics of Li migration in the bulk, the surface structures, and the interface between
the electrolytes and Li metal were considered.
Two different phases of each compound were investigated. For Li3 PO4 , there exists a
low temperature β phase with space group Pmn21 and a high temperature γ phase with
space group Pnma. For Li3 PS4 both high temperature and low temperature phases exist,
but in the sulfur materials the high temperature Pnma symmetry phase is labeled the β
phase while the low temperature Pmn21 phase is the γ phase. The experimentally observed Pnma symmetry β-Li3 PS4 structure exhibits fractional occupancy on some of the
Li sites. This disorder is not well represented by our methods, and several approximations
of the experimental structure are considered instead.

5.2

Publication results and conclusions

In our simulations the low temperature forms both Li3 PS4 and Li3 PO4 were found to be
the most stable, which is consistent with the lack of temperature effects our model. There
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was excellent agreement between the experimental crystal structures and the β-Li3 PO4 , γLi3 PO4 , and γ-Li3 PS4 , consistent with our earlier work [26,28]. As expected for the LDA
exchange correlation functional the lattice constants are systematically underestimated
but the fractional coordinates are well represented.
Several structural approximations of β-Li3 PS4 were considered, and detailed results
for three of these were reported. For experimentally observed β-Li3 PS4 the Li occupies
three distinct crystallographic sites, two of which are fractionally occupied. One of the
Li sites, with Wyckoff label ‘b’ is 70% occupied, while the other with Wyckoff label
‘c’ is 30% occupied. The remaining site, with Wyckoff label ‘d’ is fully occupied [29].
The approximate forms reported correspond to a structure with 100% occupancy of the
‘b’ site, labeled β-Li3 PS4 -b, a structure with full occupancy of the ‘c’ site, labeled βLi3 PS4 -c, and a structure closely analogous to γ-Li3 PO4 labeled β-Li3 PS4 -c’. Of the
three structures the β-Li3 PS4 -b form had the lowest energy and except for the fractional
occupancy corresponded almost exactly with the experimentally determined structure.
The β-Li3 PS4 -c structure had an energy only slightly higher than the β-Li3 PS4 -b form
(0.03 eV/formula unit), and showed good agreement with the experimentally determined
structure, with a slight displacement of the ‘d’ site Li. The β-Li3 PS4 -c’ structure was
higher in energy, and exhibited reasonable agreement with the experimentally determined
structure, but with deviations as high as 0.15 in the fractional coordinates compared to
the experimentally determined structure. That the β-Li3 PS4 -b form is the lowest energy
and the closest to the experimental structure is unsurprising since the ‘b’ site is also more
fully occupied experimentally.
Defect formation and migration were considered for both forms of Li3 PO4 and for
Li3 PS4 in the γ-Li3 PS4 and the β-Li3 PS4 -b structures. For the Pmn21 materials, βLi3 PO4 and γ-Li3 PS4 the position of the calculated interstitial sites corresponded well,
but there was no correlation in the relative defect energies for either vacancy or interstitial
defects across the materials. The activation energy EA for γ-Li3 PS4 was determined to be
0.7 eV, with the majority of that barrier due to a high defect formation energy (Ef =0.8
eV). This is slightly higher than the experimentally observed value of EA =0.5 eV, but
significantly lower than the value for β-Li3 PO4 where EA =1.5 eV.
For the Pnma structures γ-Li3 PO4 and β-Li3 PS4 -b there was significant deviation
in both the relative defect energies and the number and location of interstitial sites,
consistent with the fractional occupancy in the thiophosphate structure. Interestingly,
the lowest energy interstitial site for β-Li3 PS4 -b was the ‘c’ site, and the formation energy
Ef for a vacancy-interstitial defect pair was < 0.1 eV, consistent with the observed
fractional occupancy in the experimental β-Li3 PS4 structure. The migration barriers Em
in β-Li3 PS4 -b were 0.2–0.3 eV depending on mechanism and path. Given the very small
value of Ef the activation energy for β-Li3 PS4 -b was EA ≈ 0.2 − 0.3 eV, which slightly
underestimates all of the experimentally reported values: 0.35 eV [30], 0.37 eV [29], and
0.46 eV [31].
One possible explanation for the stability of nanoporous β-Li3 PS4 was that the surface energy of the β phase was significantly lower than for the corresponding γ phase.
This possibility was explored by examining the lowest energy surfaces of both γ-Li3 PS4
and all three varieties of β-Li3 PS4 . While β-Li3 PS4 -c and β-Li3 PS4 -c’ both exhibited a
slightly lower surface energy than γ-Li3 PS4 , the surface energies were far too small to
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have a significant effect on the phase stability. The experimentally measured surface
area for nanoporous β-Li3 PS4 was 15.6 m2 g−1 [30], which for Li3 PS4 is approximately
0.5 Å2 ·(Formula Unit−1 ). Since the calculated energy difference between the γ-Li3 PS4
phase and the lowest energy form of β-Li3 PS4 is 0.09 eV, at the experimentally measured
surface area the difference in surface energies between the two phases would need to be
approximately 0.2 eV/Å2 . The total surface energies are calculated to be an order of
magnitude less than this, and the difference between the surface energies of the various
phases of Li3 PS4 are on the order of 10−3 eV/Å2 . While the surface energies calculated
here are relative to the vacuum, which does not accurately reflect the experimental conditions, surface energetics seem unlikely to be the dominant factor in the stabilization of
β-Li3 PS4 at room temperature.
We also simulated the Li3 PS4 /Li and Li3 PO4 /Li interfaces. While the Li3 PO4 interface was well defined, the Li3 PS4 /Li showed marked instability, and the formation of
structures resembling Li2 S at the interface. Adding a passivating layer of Li2 S to the
electrolyte to form the Li3 PS4 +Li2 S/Li interface stabilized the structure and allowed us
to characterize it. This suggests that while Li3 PS4 has been observed experimentally to
be stable relative to Li metal, in fact this stability may be due to the formation of a
thin layer of Li2 S which protects the rest of the electrolyte from further degradation,
analogous to the formation of an SEI buffer layer in liquid electrolytes.
Our results for Li3 PO4 indicate that the relevant enthalpies of formation are unable
to correctly predict the electrochemical stability of the interface, presumably because
there are significant kinetic barriers between the interface system and the equilibrium
system assumed for the formation energy assessments. While more work is needed to
understand the nature of these barriers, the stability appears to rely on the confinement
of the lithium electron density to within the Li slab.

5.3

My contributions

I did much of the background work and analysis that guided this project, including detailed work on understanding the experimental results, and defining the surface planes
and surface energy. I also explored the lack of correspondence between the interface stability and the phase stability derived from the heat of formation results [32], I performed
most of the calculations used for this publication, beginning with the convergence testing
and encompassing the work on the various phases, the surface calculations for various slab
thicknesses, and the majority of the defect and NEB results. My results for the Li/Li3 PS4
and Li/Li3 PO4 interfaces were qualitatively similar to those in the publication, but are
not actually the simulations depicted in the figures. I co-wrote the manuscript along
with Dr. N. A. W. Holzwarth, and presented some of the results in this study at the 2013
APS March Meeting.
Dr. N. A. W. Holzwarth, in addition to providing substantial assistance and guidance
throughout the work, first simulated the various phases of Li3 PS4 , including the three
variants of the disordered β-Li3 PS4 considered in the paper. She also calculated and
analyzed the density of states of the Li-electrolyte interfaces, as well as being solely
responsible for the passivated Li-Li2 S-Li3 PS4 structure. She was also responsible for
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most of the heat of formation calculations.
Dr. Yaojun Du originally performed much of the work on Li3 PO4 and the Li3 PO4
interface. While most of these calculations were performed again in order for the methods
to be consistent throughout the paper, his results and analysis were an invaluable set of
guideposts for the current project.

5.4

Further results and conclusions

While it is still not possible to fully resolve under what conditions the phase transition
between β-Li3 PS4 and γ-Li3 PS4 takes place, there is additional experimental evidence
that the high temperature β form can be quenched to room temperature that was not
considered as part of the publication [33], This observed quenching of the high temperature phase does not fully resolve the low temperature stability of β-Li3 PS4 , as the
transition from quenched β-Li3 PS4 to γ-Li3 PS4 in reference [33] is not observed for the
nanoporous β-Li3 PS4 . While it does not fully explain the stability of the nanophase the
ability to quench β-Li3 PS4 may help explain the observation of the β phase at room
temperature in Mercier et al. [34].
Further analysis of the density of states plots for the Li3 PO4 /Li interface and the
Li3 PS4 +Li2 S/Li interface (Figure 5.1) suggests that the interface stability is related to the
relative position of the Fermi level in the system and the conduction band of the material
in contact with the metallic Li. For Li3 PO4 and Li2 S the conduction band is above the
Fermi level of metallic Li, and there is no transfer of electrons from the metal to the
electrolyte. Li3 PS4 however, has unoccupied states below the Li Fermi level. This implies
that electron transfer from the Li layer to the electrolyte is energetically favorable, and
the transferred electrons can be presumed to cause the electrolyte degradation observed
in the simulations of the Li3 PS4 /Li interface.
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Figure 5.1: Partial density of states for the Li3 PO4 /Li interface and the Li3 PS4 +Li2 S/Li
interface. The overlap of the Fermi level with the valence band of Li3 PS4 is consistent
with the instability of the Li3 PS4 /Li interface. For the stable Li interfaces involving Li2 S
and Li3 PO4 the Fermi level is below the valence band.

26

Chapter 6
Conclusions and future directions
The lattice constants and atomic coordinates of the structures modeled were consistent with experimental results, affirming that Density Functional Theory with the Local
Density Approximation (DFT-LDA) can accurately describe lithium phosphate and thiophosphate solid electrolyte materials.
The heat of formation results show excellent agreement with experiment, especially
given the variation between finite temperature experimental condition and zero temperature theoretical simulations. It is important to note that accurate theoretical predictions
of instability do not preclude the synthesis of a material, since metastable phases can
be stabilized if a kinetic barrier exists. Compounds with large calculated decomposition
energies (> 1 eV/Formula Unit) or systems in which kinetic barriers are unlikely, are
not expected to have even metastable phases outside of exotic laboratory conditions,
although this conclusion has not been extensively tested.
Several sets of phosphate and thiophosphate materials were compared in this work,
including the paired materials Li4 P2 O7 /Li4 P2 S7 , Li7 P3 O11 /Li7 P3 S11 , and two forms of
Li3 PO4 /Li3 PS4 . In each instance the activation energy for migration in the thiophosphate
materials was approximately a third as large as the activation energy for the corresponding phosphate. The highly conducting sulfur structures also exhibited more low energy
interstitial sites than the corresponding phosphates, which suggests that metastable transition state geometries play a large role in lowering the barriers for both ion migration and
Frenkel defect formation. This is broadly consistent with the consensus from other experimental and theoretical work that that sulfur structures tend to be better Li+ conductors
than the equivalent oxide structures [17, 35].
Good ionic conductors typically exhibit sublattice disorder, often in the form of fractional occupancy of Li sites. While our zero temperature simulations do not in general
exhibit fractional occupancy in the computed crystal structure, the calculated defect
formation energies in fractionally occupied materials considered were < 0.1 eV. This
suggests that even without correctly modeling the fractional occupancy in detail its contribution to the ionic conductivity is relatively well-captured. The Li7 P3 S11 material,
which exhibits high ionic conductivity without fractional occupancy suggests that a low
defect formation energy is a better predictor of ionic conductivity than fractional occupancy. In this analysis observed fractional occupancy is not an essential property of the
fast-ion conductor, but a consequence of the small defect formation energy. Since our
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simulations capture the small defect formation energy accurately, we expect our estimates
of the ionic conductivity in these materials to be accurate in spite of not fully capturing
the ionic disorder in all cases.
For electrolyte materials the size of the electrochemical stability window is correlated
with the size of the band gap. In the materials considered, density of states calculations on corresponding phosphate and thiophosphate materials reveal the phosphates
possess much larger band gaps. While DFT-LDA band structures are not expected to
be quantitatively correct, the relative result that the phosphates structures have higher
band gaps is reliable. The phosphate electrolytes are thus expected to be stable over
a wider range of electrochemical voltages than the corresponding thiophosphates. The
larger band gap in Li3 PO4 and corresponding larger electrochemical stability windows
agrees well with the calculated stability of the Li3 PO4 /Li interface and the instability of
the Li3 PS4 /Li interface. While broad electrochemical stability is an important prerequisite for good electrolyte performance, substantially more work is needed before more
quantitative conclusions can be drawn.
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a b s t r a c t
In this work, several lithium phosphate and thiophosphate materials are modeled to determine their
optimized lattice structures, their total energies, and their electronic structures. Included in this study
are materials characterized by isolated phosphate and thiophosphate groups – Li3 PS4 and Li3 PO4 and
materials characterized by phosphate and thiophosphate dimers – Li4 P2 S6 and Li4 P2 O6 and Li4 P2 S7 and
Li4 P2 O7 . In addition, the superionic conducting material Li7 P3 S11 is also modeled as are recently discovered crystalline argyrodite materials Li7 PS6 and Li6 PS5 Cl. A comparison of Li ion vacancy migration in
Li4 P2 S7 and Li4 P2 O7 shows the migration energy barriers in the thiophosphate to be smaller (less than
one-half) than in the phosphate.
© 2010 Elsevier B.V. All rights reserved.

1. Introduction
Lithium phosphorous oxynitride (LiPON) ﬁlms were developed at Oak Ridge National Laboratory [1–4] as very promising
solid-state electrolytes for use in rechargeable batteries and other
applications. The ﬁlms have compositions close to that of crystalline Li3 PO4 and ionic conductivities of 10−6 S cm−1 . In previous
work [5–9], we investigated detailed mechanisms for Li ion migration in idealized models of LiPON based on Li3 PO4 and related
phosphonitrides. In those materials we found that Li ions can
diffuse by vacancy and interstitial mechanisms with migration
energies of 0.3–0.7 eV. In the present work, we report preliminary results for extending this modeling study to lithium
thiophosphate materials which have recently received attention
as promising candidates for solid-state electrolytes [10–19] where
increased ionic conductivity as large as 10−3 S cm−1 has been
reported.
In Section 2, the computational methods are brieﬂy described.
In Section 3, results are presented for the optimized structures
of the materials, comparing corresponding phosphates and thiophosphates when possible. In Section 4, heats of formation are
presented and compared with available experimental measurements. In Section 5, partial densities of states are presented
in order to develop qualitative pictures of the bonding properties of the materials. In Section 6, ion migration energies are

∗ Corresponding author. Tel.: +1 336 758 5510; fax: +1 336 758 6142.
E-mail address: natalie@wfu.edu (N.A.W. Holzwarth).
1
ICAMS, Ruhr-Universität, 44780 Bochum, Germany.

presented for one of the phosphate and thiophosphate materials. A summary and some conclusions are presented in Section
7.
2. Computational methods
The computational methods used in this work were the same as
those used in our previous studies of electrolytes related to LiPON.
In Ref. [9], the choice of calculational parameters and the validation
of the calculational methods are presented. Brieﬂy, we used density
functional theory [20,21] to treat the electronic states and the BornOppenheimer approximation to treat the atomic positions {Ra },
resulting in a determination of the “total energy” E({Ra }) of the system. The local density approximation (LDA) [22] was used for the
exchange-correlation functional. Most of the computations were
carried out using the PWscf package [23]; while a few calculations
were performed using the abinit [24] and pwpaw [25] packages as
well. Visualizations were constructed using the OpenDX [26] and
XCrySDEN [27] software packages.
Starting from experimental information for each material or a
related material, restricted optimization of the total energy E({Ra })
with respect to the atomic positions {Ra } and unit cell parameters
allows us to determine stable and meta-stable structures presented
in Section 3 and to estimate the heat of formation (H) presented
in Section 4. For each meta-stable structure, a qualitative picture of
the valence state distribution can be determined from the averaged
partial densities of states Na (E)  presented in Section 5. In addition, migration energies (Em ) for Li ion migration were estimated
using the “nudged elastic band” (NEB) method [28–30], presented
in Section 6.

0378-7753/$ – see front matter © 2010 Elsevier B.V. All rights reserved.
doi:10.1016/j.jpowsour.2010.08.042
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Fig. 1. Ball and stick diagrams for unit cells of Li3 PS4 (left) and Li3 PO4 (right) in the Pmn21 structure.

3. Simulated crystalline structures [31]
3.1. Li3 PS4 and Li3 PO4
Li3 PS4 and Li3 PO4 are characterized by isolated phosphate or
thiophosphate groups. Li3 PO4 has been reported in two different
orthorhombic crystalline forms – the ␤ form [32] has symmetry
Pmn21 (#31) and the ␥ form [33] has symmetry Pnma (#62). In
our previous work [6] we found that the ␤ form is more stable
by 0.03 eV per formula unit, while more experimental results are
reported for the ␥ form. The crystal structure of Li3 PS4 was reported
by Mercier et al. [34] to have an orthorhombic symmetry Pnma
(#62) which differs from ␥-Li3 PO4 structure because of different
site occupancies, some of which are fractional. We determined
optimized total energies for Li3 PS4 in several approximations to
the Mercier structure and in the ␤ and ␥ structures of Li3 PO4 ,
and found the lowest energy structure to be that of ␤-Li3 PO4
structure. Our results indicate this structure to be more stable than
the most stable approximation to the Mercier structure by 0.1 eV
per formula unit and more stable than the ␥-Li3 PO4 structure
by 0.2 eV per formula unit. The comparison of Li3 PS4 and Li3 PO4
in the ␤-Li3 PO4 is illustrated in Fig. 1 and the optimized lattice
parameters determined by our simulations are compared with
experiment in Table 1. As reported earlier [6] the calculated lattice
constants are systematically smaller than experiment as expected
for calculations of this type, while the relative size parameters of
the lattice, particularly the fractional coordinates are well modeled
by the calculations. The lattice parameters of Li3 PS4 are found
to be roughly 25% larger than those of Li3 PO4 and the fractional
coordinates are quite similar for the two structures.
3.2. Li7 PS6 and Li6 PS5 Cl
There has been a number of recent studies of lithium thiophosphate materials with additional sulfur and lithium ions in a
structure associated with the mineral argyrodite [35–37]. The high

Table 1
Lattice parameters for Li3 PO4 and Li3 PS4 in the ␤-Li3 PO4 structure, comparing the
experimental results (“exp”) of Ref. [32] with the optimized structures (“cal”) found
in this work (using the same crystal conventions as in Ref. [6]).

Li3 PO4 (exp)
Li3 PO4 (cal)
Li3 PS4 (cal)
Atom

Li (4b)
Li (2a)
P (2a)
O/S (4b)
O/S (2a)
O/S (2a)

a (Å)

b (Å)

c (Å)

6.12
6.01
7.57

5.24
5.15
6.44

4.86
4.76
6.06

Fractional coordinates – (x, y, z)
Li3 PO4 (exp)

Li3 PO4 (cal)

Li3 PS4 (cal)

(0.248, 0.328, 0.986)
(0.500, 0.843, 0.989)
(0.000, 0.824, 0.000)
(0.208, 0.687, 0.896)
(0.000, 0.105, 0.900)
(0.500, 0.181, 0.817)

(0.247, 0.328, 0.993)
(0.500, 0.838, 0.992)
(0.000, 0.827, 0.000)
(0.211, 0.685, 0.893)
(0.000, 0.112, 0.896)
(0.500, 0.178, 0.825)

(0.243, 0.315, 1.000)
(0.500, 0.849, 0.986)
(0.000, 0.817, -0.001)
(0.221, 0.668, 0.889)
(0.000, 0.115, 0.884)
(0.500, 0.190, 0.837)

Li ion conductivity observed [38] in these materials is associated
with high-temperature crystalline forms having multiple fractional
occupancy sites. However, these materials also have ordered lowtemperature structures which we have modeled in this work. The
low-temperature structure of Li7 PS6 has been found [35] to be
Pna21 (#33). The low-temperature structure of Li6 PS5 Cl has not
been reported, but it is reasonable to assume that it is similar
to that reported [36] for Li6 PS5 I which forms a monoclinic structure with Cc (#9) symmetry. The calculations optimized the Li7 PS6
and Li6 PS5 Cl structures and the results are illustrated in Fig. 2.
For Li7 PS6 there are two unbounded S ions associated with each
thiophosphate group and for Li6 PS5 Cl there is one unbounded S
ion and one unbounded Cl ion for each thiophosphate group. The
optimized lattice parameters for these materials are presented in
Table 2. Again we ﬁnd the calculated lattice constants to be systematically too small, while the fractional coordinates are in reasonably
good agreement with experiment. In the case of Li7 PS6 , the X-ray
data could not directly determine the fractional coordinates, but

Fig. 2. Ball and stick diagrams for unit cells of Li7 S6 in the Pna21 structure (left) and Li6 S5 l in the Cc structure (right).
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Table 2
(A) Lattice parameters for low-temperature form of Li7 PS6 in the Pna21 structure
comparing the experimental results of Ref. [35] with the calculational results. (B)
Lattice parameters for low-temperature form of Li6 PS5 Cl in the Cc structure comparing the experimental results of Ref. [36] for Li6 PS5 I with the calculational results
for the Cl material.
A

Li7 PS6 (exp)
Li7 PS6 (cal)
Atom

Li (1)
Li (2)
Li (3)
Li (4)
Li (5)
Li (6)
Li (7)
P
S (1)
S (2)
S (3)
S (4)
S (5)
S (6)

a (Å)

b (Å)

c (Å)

14.08
13.82

6.92
6.90

9.96
9.62

Fractional coordinates – (x, y, z)
Li7 PS6 (exp)

Li7 PS6 (cal)

(0.238, 0.464, 0.998)
(0.771, 0.416, 0.047)
(0.294, 0.768, 0.745)
(0.967, 0.092, 0.088)
(0.551, 0.936, 0.928)
(0.857, 0.021, 0.365)
(0.377, 0.830, 0.270)
(0.124, 0.753, 0.250)
(0.002, 0.757, 0.118)
(0.251, 0.251, 0.624)
(0.379, 0.504, 0.876)
(0.881, 0.505, 0.873)
(0.125, 0.718, 0.735)
(0.385, 0.740, 0.506)

(0.228, 0.533, 0.948)
(0.777, 0.401, 0.048)
(0.314, 0.784, 0.734)
(0.971, 0.167, 0.097)
(0.541, 0.949, 0.946)
(0.912, 0.050, 0.409)
(0.376, 0.848, 0.257)
(0.118, 0.775 0.245)
(0.000, 0.793, 0.116)
(0.262, 0.270, 0.624)
(0.391, 0.510, 0.873)
(0.886, 0.468, 0.866)
(0.142, 0.698, 0.761)
(0.372, 0.762, 0.499)

B

Li6 PS5 I (exp)
Li6 PS5 Cl (cal)
Atom

Li (1)
Li (2)
Li (3)
Li (4)
Li (5)
Li (6)
P
S (1)
S (2)
S (3)
S (4)
S (5)
I/Cl

a (Å)

b (Å)

c (Å)

ˇ

12.32
11.96

7.14
6.93

12.45
11.64

109.5◦
110.3◦

Fractional coordinates – (x, y, z)
Li6 PS5 I (exp)

Li6 PS5 Cl (cal)

(0.985, 0.305, 0.371)
(0.765, 0.017, 0.885)
(0.830, 0.515, 0.385)
(0.709, 0.740, 0.066)
(0.980, 0.953, 0.131)
(0.997, 0.415, 0.679)
(0.747, 0.743, 0.624)
(0.691, 0.983, 0.672)
(0.685, 0.480, 0.180)
(0.921, 0.248, 0.174)
(0.692, 0.734, 0.444)
(0.872, 0.248, 0.490)
(-0.004, 0.747, 0.371)

(1.004, 0.363, 0.408)
(0.841, 0.009, 0.878)
(0.799, 0.533, 0.373)
(0.684, 0.749, 0.025)
(0.982, 0.913, 0.169)
(0.976, 0.459, 0.664)
(0.745, 0.764, 0.621)
(0.680, 0.995, 0.177)
(0.678, 0.484, 0.166)
(0.927, 0.228, 0.203)
(0.701, 0.782, 0.435)
(0.871, 0.270, 0.500)
(-0.018, 0.714, 0.354)

Table 3
Lattice parameters of Li4 P2 S6 (compared with the experimental measurements of
Ref. [39]) and Li4 P2 O6 in the P 3̄1m structure.

Li4 P2 S6 (exp)
Li4 P2 S6 (cal)
Li4 P2 O6 (cal)

a (Å)

c (Å)

xP

xS

zS

6.070
5.96
4.78

6.577
6.37
5.37

0.1715
0.1758
0.1951

0.3237
0.3314
0.3139

0.2500
0.2483
0.2615

they could be estimated from a related material [36]. In the case
of Li6 PS5 Cl, the calculated results are compared with the detailed
measurements for Li6 PS5 I, which is expected to be similar.
3.3. Li4 P2 S6 and Li4 P2 O6
The crystal structure of Li4 P2 S6 was described by Mercier et al.
[39] as hexagonal P63 /mcm (#193) with half occupancy of the P
(4e) sites. Our electronic structure calculations of the 6 possible
conﬁgurations of this unit cell ﬁnd the lowest energy structure to
be described by the P 3̄1m (#162) structure which is a subgroup
of the original space group. In this hexagonal group, the Li ions
are located at 2c (1/3, 2/3, 0) and 2d (1/3, 2/3, 1/2) sites, the P
ions are located at 2e (0, 0, zP ) sites, and the S ions are located
at 6k (xS , 0, zS ) sites. The calculated lattice constants and fractional coordinate parameters are listed in Table 3 along with the
corresponding experimental results. We were also able to simulate a meta-stable phosphate material with the same structure;
the optimized lattice parameters for Li4 P2 O6 are also listed in
Table 3.
In constrast to the other phosphates and thiophosphates, an
interesting characteristic of the optimized Li4 P2 S6 and Li4 P2 O6
structures is the presence of a direct bond between two P ions.
In Li4 P2 S6 the P–P bond length is 2.24 Å which is 10% longer than
the P–S bond length, while in Li4 P2 O6 the P–P bond length is 2.10 Å
which is 40% longer than the P–O bond length. This is illustrated in
Fig. 3.
3.4. Li4 P2 S7 and Li4 P2 O7
While to the best of our knowledge, the crystal structure of
Li4 P2 S7 is unknown, Li4 P2 O7 was found to crystallize [40] in the
P 1̄ structure (#2). Our simulations conﬁrm this structure [9] and
simulations for the corresponding thiophosphate – Li4 P2 S7 – show
that it has at least a meta-stable state in the same structure.
Table 4 summarizes the lattice parameters for these structures
and Fig. 4 shows ball and stick models of the unit cell for these
structures.

Fig. 3. Ball and stick diagrams for unit cells of Li4 P2 S6 (left) and Li4 P2 O6 (right) in the P 3̄1m structure.
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Table 4
Lattice parameters for Li4 P2 O7 and Li4 P2 S7 in the P 1̄ structure, comparing experimental results (“exp”) of Ref. [40] with optimized structures (“cal”) found in this work.

Li4 P2 O7 (exp)
Li4 P2 O7 (cal)
Li4 P2 S7 (cal)
Atom

Li (1)
Li (2)
Li (3)
Li (4)
P (1)
P (2)
O/S (1)
O/S (2)
O/S (3)
O/S (4)
O/S (5)
O/S (6)
O/S (7)

a (Å)

b (Å)

c (Å)

˛

ˇ



8.56
8.40
10.67

7.11
7.01
8.81

5.19
5.13
5.80

111.4◦
111.7◦
111.1◦

90.0◦
90.0◦
89.9◦

103.1◦
103.6◦
90.8◦

Fractional coordinates – (x, y, z)
Li4 P2 O7 (exp)

Li4 P2 O7 (cal)

Li4 P2 S7 (cal)

(0.791, 0.673, 0.644)
(0.452, 0.755, 0.702)
(0.754, 0.412, 0.016)
(0.988, 0.854, 0.110)
(0.846, 0.222, 0.438)
(0.631, −0.214, 0.214)
(0.684, 0.038, 0.308)
(0.875, 0.259, 0.741)
(0.794, 0.398, 0.390)
(0.982, 0.151, 0.270)
(0.622, −0.261, 0.476)
(0.472, −0.270, 0.047)
(0.763, −0.297, 0.041)

(0.788, 0.677, 0.653)
(0.444, 0.745, 0.699)
(0.763, 0.422, 0.027)
(0.987, 0.855, 0.106)
(0.850, 0.227, 0.444)
(0.626, −0.216, 0.215)
(0.680, 0.042, 0.315)
(0.882, 0.268, 0.752)
(0.798, 0.407, 0.394)
(0.985, 0.149, 0.268)
(0.618, −0.264, 0.482)
(0.463, −0.276, 0.045)
(0.763, −0.296, 0.041)

(0.854, 0.647, 0.476)
(0.489, 0.751, 0.689)
(0.679, 0.478, −0.133)
(1.012, 0.880, 0.149)
(0.801, 0.216, 0.450)
(0.685, −0.189, 0.254)
(0.676, 0.040, 0.203)
(0.796, 0.231, 0.800)
(0.713, 0.413, 0.417)
(0.975, 0.173, 0.301)
(0.689, −0.158, 0.612)
(0.529, −0.299, 0.071)
(0.839, −0.309, 0.080)

3.5. Li7 P3 S11
The crystal structure of the superionic conductor Li7 P3 S11 was
recently analyzed by Yumane et al. [13] who found it has P 1̄ symmetry (#2). The measured and calculated lattice parameters are
listed in Table 5. It is interesting that the calculated value of the
b lattice parameter is larger than experiment while the a and c
lattice parameters follow the usual trend of being smaller than
experiment. The calculated fractional coordinates are generally
in good agreement with the experimental values. Yumane et al.
have shown that this structure is composed of an ordered arrangement of Li4 P2 S7 and Li3 S4 groups similar to the structures seen in
Figs. 4 and 1.

4. Heats of formation
In order to assess the chemical stability of the materials, we
estimated the heats of formation relative to their decomposition to
elemental materials in their standard states as deﬁned in the CRC
Handbook [41], using the methods described in our earlier work
[9]. In order to extend the analysis to sulfur containing materials we needed to estimate the equilibrium energy of the standard
state of elemental S, which is the orthorhombic form (␣-S8 ) [42]
having the structure Fddd (#70). In order to extend the analysis
to Cl-containing materials, we needed to estimate the energy of
the standard state of elemental Cl, which is molecular Cl2 . Instead

of evaluating this energy directly, we estimated it from the total
energies of LiCl in the rocksalt structure, LiClO4 in the Pnma (#62)
structure [43], and PCl5 in the P4/n (#85) structure [44] and the
heat of formation data values for these materials given in the CRC
Handbook [41].
Some results are given in Table 6 where a few results are
repeated from Ref. [9]. From our previous experience and from the
accuracy of ﬁnding the standard energy of elemental chlorine, we
expect that the error of the calculation to be ±0.5 eV although the
relative error between materials of similar composition is expected
to be considerably less.
In addition to the phosphate and thiophosphate materials, the
reference materials Li2 O, Li2 S, LiCl, LiClO4 , and PCl5 are are also
listed.
From these results, we can make some comments on relative
stabilities of these materials. For example, the calculations suggest
that Li4 P2 S6 is more stable than Li4 P2 S7 in the sense that in their
standard states:
H(Li4 P2 S6 ) + H(S) = H(Li4 P2 S7 ) − 0.84 eV.

(1)

In fact there are literature reports of glassy Li4 P2 S7 , but we know
of no reports of crystalline Li4 P2 S7 . By constrast, for the analogous
phosphate materials, we ﬁnd
H(Li4 P2 O6 ) +

1
H(O2 ) = H(Li4 P2 O7 ) + 4.21 eV,
2

Fig. 4. Ball and stick diagrams for unit cells of Li4 P2 S7 (left) and Li4 P2 O7 (right) in the P 1̄ structure.
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Table 5
Lattice parameters for Li7 P3 S11 in the P 1̄ structure, comparing experimental results
(“exp”) of Ref. [13] with optimized structures (“cal”) found in this work.

Li7 P3 S11 (exp)
Li7 P3 S11 (cal)

a (Å)

b (Å)

c (Å)

˛

ˇ



12.50
12.00

6.03
6.16

12.53
12.24

102.8◦
102.4◦

113.2◦
113.8◦

74.5◦
72.1◦

Fractional coordinates – (x, y, z)
Atom

Li7 P3 S11 (cal)

Li7 P3 S11 (cal)

Li (1)
Li (2)
Li (3)
Li (4)
Li (5)
Li (6)
Li (7)
P (1)
P (2)
P (3)
S (1)
S (2)
S (3)
S (4)
S (5)
S (6)
S (7)
S (8)
S (9)
S (10)
S (11)

(0.669, 0.132, 0.092)
(0.638, 0.402, 0.866)
(0.216, 0.530, 0.740)
(−0.058, 0.786, 0.270)
(0.359, 0.591, 0.337)
(0.637, 0.734, 0.498)
(0.139, 0.294, 0.134)
(0.794, 0.033, 0.465)
(0.493, 0.038, 0.297)
(0.840, 0.270, 0.059)
(0.861, 0.236, 0.620)
(0.824, 0.105, 0.334)
(0.840, −0.317, 0.468)
(0.618, 0.160, 0.453)
(0.331, 0.227, 0.288)
(0.509, 0.080, 0.151)
(0.509, −0.300, 0.307)
(0.841, 0.330, −0.097
(0.828, −0.073, 0.046)
(0.678, 0.487, 0.064)
(0.977, 0.351, 0.188)

(0.669, 0.070, 0.094)
(0.600, 0.549, 0.880)
(0.199, 0.489, 0.707)
(−0.030, 0.837, 0.251)
(0.299, 0.771, 0.298)
(0.680, 0.648, 0.508)
(0.129, 0.268, 0.116)
(0.780, 0.054, 0.452)
(0.472, −0.007, 0.273)
(0.830, 0.318, 0.057)
(0.822, 0.289, 0.598)
(0.811, 0.118, 0.314)
(0.853, −0.271, 0.488)
(0.583, 0.170, 0.425)
(0.304, 0.152, 0.294)
(0.478, 0.047, 0.120)
(0.522, −0.343, 0.302)
(0.820, 0.394, −0.102)
(0.865, −0.028, 0.057)
(0.663, 0.474, 0.081)
(0.968, 0.429, 0.203)

Fig. 5. Partial densities of states for Li3 PS4 and Li3 PO4 .

The calculations also suggest that Li7 P3 S11 is marginally stable
with respect to decomposition into Li3 PS4 and Li4 P2 S7 in the sense
that
H(Li7 P3 S11 ) = H(Li3 PS4 ) + H(Li4 P2 S7 ) − 0.06 eV.
Again, this is within the expected calculational error.
5. Partial densities of states
The partial densities of states can be evaluated using the form
N a (E) ≡ √

suggesting that Li4 P2 O6 is signiﬁcantly unstable relative to Li4 P2 O7 .
In fact we know of no literature reports of observations of Li4 P2 O6
crystals.
For the argyrodite material, the calculations also suggest that
Li7 PS6 is unstable relative to decomposition into Li3 PS4 and Li2 S in
the sense that
H(Li7 PS6 ) = H(Li3 PS4 ) + 2H(Li2 S) + 0.32 eV.

(3)

In this estimate, we used the ␤-Li3 PO4 structure to evaluate
H(Li3 PS4 ) and the result is within our expected calculation error.
The material with chlorine is also marginally unstable relative to
decomposition into Li3 PS4 , Li2 S, and LiCl as shown in the equation
H(Li6 PS5 Cl) = H(Li3 PS4 ) + H(Li2 S) + H(LiCl) + 0.38 eV. (4)

Table 6
Heats of formation per formula unit calculated for the listed reference and lithium
phosphate and thiophosphate materials. The structure is described in terms of the
space group using the notation of Ref. [31]. When available, experimental values of
H from Ref. [41] are also listed.
Material

Structure

Hcal (eV)

Li2 O
␤-Li3 PO4
␥-Li3 PO4
Li4 P2 O7
Li4 P2 O6

Fm3̄m (#225)
Pmn21 (#31)
Pnma (#62)
P 1̄ (#2)
P 3̄1m (#162)

−6.13
−21.31
−21.28
−34.10
−29.89

Li2 S
␤-Li3 PS4
␥-Li3 PS4
Li7 PS6
Li4 P2 S7
Li4 P2 S6
Li7 P3 S11

Fm3̄m (#225)
Pmn21 (#31)
Pnma (#62)
Pna21 (#33)
P 1̄ (#2)
P 3̄1m (#162)
P 1̄ (#2)

−4.26
−8.32
−8.12
−16.51
−11.51
−12.35
−19.89

−4.57

LiCl
LiClO4
PCl5
Li6 PS5 Cl

Fm3̄m (#225)
Pnma (#62)
P4/n (#85)
Cc (#9)

−3.80
−4.49
−4.08
−16.00

−4.23
−3.95
−4.60

(5)

2
1  a
2
fnk Wk e−(E−Enk ) / .


(6)

nk

Here the smearing factor was chosen to be  = 0.1 eV. Wk denotes
a denotes the weighting factor
the Brillioun zone sampling factor. fnk
which for each state of band index n and wave vector k, was taken
to be the corresponding charge within the atomic sphere at site a.
The sphere radii were chosen to be 1.4 bohr for O and S, 1.5 bohr
for P and Cl, and 1.6 bohr for Li. In practice, the partial densities of
state for each atomic site are averaged over all similar sites, Na (E) .
These averaged partial densities of states contain qualitative information about the materials in terms of charge transfers, crystal ﬁeld
splittings, and bond formation. In all of the phosphates, the bands
are dominated by the 2p states of O while for the thiophosphates,
the bands are dominated by the 3p bands of S.
We ﬁrst consider materials composed of isolated phosphate and
thiophosphate groups. In Fig. 5 the partial densities of states of
Li3 PS4 and Li3 PO4 are compared. The S 3p valence bands of Li3 PS4
cover a wider range of energies than the O 2p valence bands of
Li3 PO4 . As noted in our earlier work [6] the two lower bands have
p character with signiﬁcant hybridization with the P 3s and 3p
states, while the top of the valence band has p character. It is

Hexp (eV)
−6.20
−21.72

Fig. 6. Partial densities of states for Li7 PS6 and Li6 PS5 Cl. Contributions from
unbounded S sites are indicated with “(u)”.
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Fig. 7. Partial densities of states for Li4 P2 S6 and Li4 P2 O6 .

Fig. 8. Partial densities of states for Li4 P2 S7 and Li4 P2 O7 . Contributions from bridging
S or O sites are indicated with “(b)”.

interesting to note that the magnitudes of the O contributions to
Na (E)  the partial densities of states are generally larger than those
of S, indicating that the charge of the O 2p states is more conﬁned
within the analysis sphere than the charge of the S 3p states. While
the calculated band gaps within density functional theory are systematically underestimated, it is clear that the gap in Li3 PS4 is less
than half of that in Li3 PO4 .

6875

Fig. 10. Energy path diagram for Li ion vacancy migration in Li4 P2 S7 and Li4 P2 O7 . The
integer labels on the horizontal axis correspond to the 6 vacancy sites indicated in the
structural diagram (Fig. 9). Between each pair of optimized vacancy conﬁgurations
are 7 NEB image conﬁgurations along the minimum energy path.

Next we consider the partial densities of states of the argyrodite structured thiophosphates, comparing the partial densities
of states of Li7 PS6 and Li6 PS5 Cl in Fig. 6. For Li7 PS6 , the partial density of states contribution from isolated S ions (indicated separately
from the tetrahedrally bonded S’s) are found to contribute relatively narrow bands near the top of the valence band. For Li6 PS5 Cl,
the isolated Cl ion contributions are at lower energy than those of
the isolated S ions.
In Figs. 7 and 8 densities of states for Li4 P2 O6 and Li4 P2 S6
and Li4 P2 O7 and Li4 P2 S7 are compared. For Li4 P2 O6 and Li4 P2 S6 ,
one additional valence band is present due to the ﬁlled P 3s
bond, whose contribution is concentrated near the bottom of the
spectrum. In contrast, for Li4 P2 O7 and Li4 P2 S7 , while states with
contributions from the P site contribute throughout the valence
band, there is no additional valence state due to ﬁlled P states. On
the other hand there are two types of O (S) states. In addition to
the normal tetrahedral O (S) site contributions, the “bridging” O
(S) site contributions are shown separately on the plot. In particular, there is a band at the bottom of the valence band states which
corresponds to states characterized primarily by O 2p or S 3p
contributions for Li4 P2 O7 and Li4 P2 S7 , respectively.
6. Li ion migration energies
An important question about these materials is how the Li ion
migration differs in the phosphate and thiophosphate materials.
The ionic conductivity  as a function temperature T is expected to
follow the Arrehenius relation:
 · T = Kn e−Em /kT ,

Fig. 9. Li ion vacancy sites used in migration energy study in Li4 P2 S7 . Similar sites
were used for Li4 P2 O7 .

(7)

where k is the Boltzmann constant, K is a material-dependent
parameter, n is the concentration of mobile Li ions or Li ion vacancies, and Em is the migration energy.
In this initial study, we focus on the migration energy Em for Li
ion vacancy migration in idealized crystals of Li4 P2 O7 and Li4 P2 S7 .
As discussed in Section 3, these two materials form similar stable
and meta-stable crystals with P 1̄ symmetry. For the simulations,
we constructed 1 × 2 × 2 supercells and studied the migration of
a Li ion vacancy between 6 sites separated by roughly 3.0 Å and
3.6 Å for Li4 P2 O7 and Li4 P2 S7 , respectively. The sites do not span a
complete path within the supercell but do cover a representative
range of crystal environments. The 6 sites are illustrated in Fig. 9
for the Li4 P2 S7 supercell.
The band occupancies of the supercell states were adjusted in
order to approximate an insulating environment for ion migration,
and the excess charge was compensated by adding a uniform charge
of the opposite sign. The 6 optimized conﬁgurations for a Li ion
vacancy were used as the end points for the NEB calculation in
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which 7 intermediate images were used to approximate the minimum energy path. As is evident from the energy path diagram
shown in Fig. 10, the energy landscape for this system is complicated. However, the results indicate a clear qualitative result
that the migration energy barriers for Li ion vacancy migration in
Li4 P2 S7 is less than half that in Li4 P2 O7 . For the particular migration path chosen, we ﬁnd the migration energy energy barriers to
be Em = 0.3 eV for Li4 P2 S7 and Em = 0.8 eV for Li4 P2 O7 .
7. Summary and conclusions
This study has found some interesting similarities and differences between the phosphate and thiophosphate materials. Our
structural optimizations were generally in good agreement with
the experimental structures, although there were some obvious differences. For example, our calculations for Li3 PS4 indicated that the
most stable structure is that of ␤-Li3 PO4 , while the experiment [34]
indicated a form with the same space group as ␥-Li3 PO4 with partial
occupancies of some of the sites. A similar discrepancy was found
for the structure of Li4 P2 S6 [39]. These differences are undoubtedly
related to real temperature effects which are not considered in the
simulations.
In general, a greater variety in the bonding conﬁgurations of
the thiophosphates is observed compared with those of the phosphates. The argyrodite structures [35,36] with unbounded S and Cl
groups within the crystal and increased concentrations of Li ions
are very intriguing. The density of states plots shown in Fig. 6 indicate that the unbounded S states contribute to the top of the valence
band. The corresponding states associated with unbounded Cl sites
have lower energy than those of the unbound S sites. The heats of
formation for these materials suggest that they may be unstable relative to decomposition, although the uncertainty of our estimates
do not allow a deﬁnitive analysis.
In addition to our analysis of the stability of structures and stabilities, we have presented some preliminary results pertaining to
Li ion vacancy migration within a representative set of materials.
We ﬁnd that the energy barriers for Li ion vacancy migration in
Li4 P2 S7 to be less than half that for Li4 P2 O7 . This result is consistent
with the experimental observation of increased ionic conductivity
in the thiophosphate materials compared with those of the phosphates. Our analysis suggests that one factor contributing to the
lowered potential barriers in the thiophosphates is the more diffuse valence charge distribution near the S sites compared with the
compact valence charge distribution near the O sites.
We are looking forward to further simulations related to this
intriguing class of materials, hopefully with collaboration with
experimental studies.
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First principles modeling techniques are used to examine the stabilities, structures, and Li ion migration properties of (thio)phosphate
electrolyte materials focusing on the “superionic” electrolyte Li7 P3 S11 . Our simulations find a stable structure for Li7 P3 S11 that is in
approximate agreement with X-ray and neutron diffraction experiments. The calculated formation energy predicts the structure to be
unstable with respect to decomposition into Li3 PS4 and Li4 P2 S6 plus excess S which has been observed experimentally under certain
preparation conditions. The minimum activation energy for Li ion migration is estimated to EA = 0.15 eV for a vacancy mechanism,
a result which approximates the value of EA = 0.12 eV determined from temperature-dependent conductivity measurements. Within
the accuracy of the calculations, some vacancy-interstitial pair formation energies are found to be Ef ≈ 0. These low energy
vacancy-interstitial pair formation processes contribute to the “superionic” properties of this material. For comparison, simulations
on hypothetical phosphate and phosphonitride materials with similar crystal structures are presented and the results are analyzed in
terms of possible connections to LiPON electrolytes.
© 2012 The Electrochemical Society. [DOI: 10.1149/2.jes113225] All rights reserved.
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During the last 5 years, lithium thiophosphate solid electrolyte
materials have been developed1–7 for use in all-solid-state rechargeable
batteries. In particular, crystalline Li7 P3 S11 has been characterized
as a superionic conducting material3–6 possessing room temperature
conductivities as high as 10−3 S/cm, which is 1000 times greater than
that of the commercial solid electrolyte material LiPON.8 Building on
our previous work,9 we report on computer modeling studies of this
material as well as those of related phosphates and nitrided phosphates.
The study includes both materials directly related to experimental
observations as well as materials based on hypothetical structures. We
present results on metastable crystal structures, formation energies,
and mechanisms of Li ion migration.
We first summarize the so-called “first-principles” computational
methods used in this study. Computed heats of formation and structural
forms of several (thio)phosphate and related materials, are presented
and and the relative stabilities of the materials are examined. Li ion
conductivity in Li7 P3 S11 and related materials is estimated in terms of
energy barriers for Li ion vacancy and interstitial migration.
Computational Methods
The calculational methods are based on density functional
theory.10, 11 Results were obtained using ultra-soft pseudopotentials
(USPP)12 and the pwscf 13 code. The exchange-correlation functional
was the local density approximation14 (LDA). In order to quantify numerical errors due to pseudopotential generation, we also performed
some of the calculations using the projector augmented wave (PAW)15
formalism. The PAW basis and projector functions were generated by
the atompaw16 code and used in both the abinit17 and pwscf 13 packages. The USPP and PAW results showed nearly identical results,
with a maximum difference in heats of formation of 0.01 eV/atom as
reported in the Transactions paper associated with this work.18 Visualizations were constructed using the OpenDX19 and XCrySDEN20
software packages. Further details regarding the computational methods are described in our previous work.9, 21
For analyzing formation energies and other perfect crystal properties, calculations were performed with plane wave expansions of the
wavefunction including |k + G|2 ≤ 64 bohr−2 and relatively dense
sampling of the Brillouin zone. For example, crystals of Li7 P3 S11 were
calculated with a Monkhorst-Pack22 k-point sampling of 3 × 6 × 3.
For analyzing Li ion migration in Li7 P3 S11 , Li7 P3 O11 , and Li8 P3 O10 N,
a fixed volume supercell of 1 × 2 × 1 units was constructed. This
∗ Electrochemical Society Active Member.
z
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choice of supercell has approximately equal cell lattice vectors and
remains a computationally manageable size – 84–88 atoms. Since
only relative energies are important for this part of the study, less
stringent convergence parameters could be used – namely – |k + G|2
≤ 32 bohr−2 and a single k-point sampling of the Brillouin zone.
Estimates of the migration energies Em for the Li ion diffusion
were calculated using the nudged elastic band (NEB) method23–25
as implemented in the pwscf code. For each migration path studied,
the migration energy Em is determined as the difference between
the maximum and minimum supercell energies calculated along the
migration path. Because each metastable defect configuration involves
a certain amount of distortion for each type of atom in the “host”
lattice, it is useful to have a quantitative measure of this distortion. We
can define an average distortion parameter for each defect in the form

1   a
Def
Datom
R − RaRef  .
[1]
≡
Natom a∈atom Def
For each atom a of the “host” lattice, the distortion measures the displacement of the relaxed defect coordinate RaDef relative to the position
of the corresponding site in the perfect lattice RaRef . Natom denotes the
number of atoms of a given atomic number in the simulation cell. In
general, the distortion of one or two sites in the local neighborhood of
the defect is substantially higher than the mean, so that another useful
measure is the maximum distortion defined as
 a

a 

MDef
[2]
atom ≡ max RDef − RRef .
a∈atom

Structural Optimization and Heats of Formation
The results of density functional calculations include the ground
state energy per unit cell, obtained with variational accuracy. Therefore, we expect the heats of formation of these materials to be well
approximated. We have calculated the heats of formation for many of
the Li (thio)phosphates and related materials as presented in Table I.
The standard state reference energies were obtained in the same way
as described in our earlier work (Ref. 9 and 21). The present results obtained using the ultra-soft pseudopotential scheme (labeled
“CALC”) differ slightly from the earlier work. This is due to more
stringent convergence parameters and a slight readjustment of the
standard energy of O on the basis of additional calorimetry data26
for Li2 O2 , SO3 , and Li2 SO4 using the structural determinations of
references 28, 29, and 30, respectively. The comparison of all of the
calculated results with experimental measurements show an average
deviation of 0.2 eV/formula unit. The largest deviations are for LiNO3
(0.5 eV/formula unit), Li3 PO4 and Li2 S (0.3 eV/formula unit) and
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Table I. Heats of formation H (eV per formula unit)
calculated for the lithium (thio)phosphate and related materials,
comparing calculated results with experimental measurements26
when available. Also listed are the structures assumed for the
calculations, described in terms of the space group using the
notation of Ref. 27.

Table II. Decomposition energies (in eV per formula unit)
calculated from heats of formation results. Positive energies
indicate that starting material is stable with respect to indicated
reaction.
Reaction

H (eV per formula unit)
Material

Structure

(CALC)

(EXP)

Li2 S
Li2 S2
γ-Li3 PS4
β-Li3 PS4
Li4 P2 S6
Li4 P2 S7
Li7 P3 S11
Li7 P3 S∗11

Fm 3̄m (#225)
P63 /mmc (#194)
Pmn21 (#31)
Pnma (#62)
P 3̄1m (#162)
P 1̄ (#2)
P 1̄ (#2)
P 1̄ (#2)

− 4.29
− 4.09
− 8.36
− 8.17
− 12.41
− 11.58
− 20.00
− 19.93

− 4.57

Li2 O
Li2 O2
β-Li3 PO4
γ-Li3 PO4
Li4 P2 O6
Li4 P2 O7
Li7 P3 O11

Fm 3̄m (#225)
P63 /mmc (#194)
Pmn21 (#31)
Pnma (#62)
P 3̄1m (#162)
P 1̄ (#2)
P 1̄ (#2)

− 6.18
− 6.54
− 21.41
− 21.38
− 30.03
− 34.26
− 55.32

− 6.20
− 6.57

α-Li3 N
γ-Li3 N
Li5 P2 O6 N
Li8 P3 O10 N

P6/mmm (#191)
Fm 3̄m (#225)
P 1̄ (#2)
P 1̄ (#2)

− 1.64
− 1.19
− 33.49
− 54.85

− 1.71

Pna21 (#33)
P21 /a (#14)
R 3̄c (# 167)
R3c (#161)
C2/c (#15)

− 4.83
− 14.73
− 5.49
− 15.54
− 3.24

− 4.71
− 14.89
− 5.01
− 15.53
− 3.32

SO3
Li2 SO4
LiNO3
h-P2 O5
α-P3 N5

− 21.72

Li2 SO4 (0.2 eV/formula unit). The remaining 6 formation energies
for which comparison is possible deviate by 0.1 eV/formula unit or
less.
A recent experimental study31 of crystal phase transitions in Li3 PS4
is consistent with our calculated formation energies of this material.
The experimental group31 found the low temperature stable structure
to have the space group Pmn21 which they labeled γ-Li3 PS4 . This
material has the same symmetry as β-Li3 PO4 . The experimental group
determined the high temperature stable structure to have the space
group Pmna which they labeled β-Li3 PS4 . This structure which was
also reported by earlier experiments,32 has fractional occupancy of
some of the Li sites, but is otherwise similar to the structure of γLi3 PO4 . Consistent with the experimental findings, our calculations
find the so-called γ-Li3 PS4 structure to have a formation energy 0.1
eV lower than all the modifications of the β-Li3 PS4 structure that we
studied.
The focus of the present work is on materials related to the superionic conductor Li7 P3 S11 . Starting with initial coordinates reported
from experimental measurements3, 7 and maintaining the P 1̄ symmetry, the most stable structure was found with a formation energy of
−20.00 eV/formula unit and another metastable structure was found
(which we label Li7 P3 S∗11 ) with a formation energy that is higher
by 0.07 eV. Interestingly, the lowest energy structure was found by
optimizing the reported coordinates derived from X-ray scattering
analysis3 while the metastable structure was found by optimizing the
reported coordinates derived from neutron scattering results.7 We were
unable to find a transformation mechanism between the two structures,
and results for both structures are presented. The fact that there are two
(meta)-stable structures of crystalline Li7 P3 S11 (and perhaps others as
well), is not inconsistent with experimental investigations of various
preparation methods.5, 6 Recent experiments5 conclude that Li7 P3 S11

A539

Li7 P3 S11 → Li3 PS4 + Li4 P2 S7
Li7 P3 S∗11 → Li3 PS4 + Li4 P2 S7
Li7 P3 S11 → Li3 PS4 + Li4 P2 S6 + S
Li7 P3 S∗11 → Li3 PS4 + Li4 P2 S6 + S
Li7 P3 O11 → Li3 PO4 + Li4 P2 O7
Li8 P3 O10 N → Li3 PO4 + Li5 P2 O6 N

H (eV)
0.06
−0.01
−0.78
−0.85
−0.35
−0.06

is a high temperature crystalline phase which can be quenched to room
temperature. The fact that the experimental reports indicate sensitivity
to processing conditions seems consistent that multiple (meta)-stable
crystalline structures can exist.
From the formation energy analysis, we are able to develop a rough
idea about the stability of Li7 P3 S11 and Li7 P3 S∗11 and the phosphate
analogs. Table II lists calculated decomposition energies. Since our
calculational error is relatively large, we cannot claim that our results
are definitive. We do find that Li7 P3 S11 in its lowest energy structure
is expected to be stable with respect to decomposition into Li3 PS4
(assumed to be in the low energy γ-Li3 PS4 structure) and Li4 P2 S7 ,
while Li7 P3 S∗11 is slightly unstable. However, crystalline Li4 P2 S7 has
not been identified in experiment and our simulations find it to be
unstable relative to decomposition into Li4 P2 S6 and excess S. Consequently, Li7 P3 S11 and Li7 P3 S∗11 are unstable with respect to the
formation of Li4 P2 S6 as well. In fact, the precipitation of Li4 P2 S6
and Li3 PS4 under some conditions in the preparation of Li7 P3 S11 has
been reported.5, 6 The fact that good quality crystalline Li7 P3 S11 can
be prepared at room temperature by quenching from high temperature
suggests that there exists a significant kinetic barrier which prevents
phase change to the equilibrium room temperature structure.
In addition to these thiophosphate materials, we were able to find
metastable structures having the same symmetry for Li7 P3 O11 and
Li8 P3 O10 N. While to the best of our knowledge, neither of these crystals has been identified by experiment, studying them can provide insight into LiPON electrolytes8 which have similar stoichiometries and
perhaps similar local configurations. Our results predict Li7 P3 O11 to be
unstable with respect to decomposition into into Li3 PO4 and Li4 P2 O7 ,
while the nitrided material Li8 P3 O10 N is correspondingly less unstable
with respect to decomposition into Li3 PO4 and Li5 P2 O6 N.
The structure of the calculated low energy form of Li7 P3 S11 is
visualized in Fig. 1.33 Deviations from the structures reported on the
basis of diffraction experiments Refs. 3 and 7 are not easily identified
in this visualization. The optimized lattice parameters for Li7 P3 S11
and related materials are listed in Table III. Compared with the experimental measurements, for the lowest energy structure of Li7 P3 S11 ,
the calculations underestimate the lattice constants along the a and c
axes as expected for LDA calculations. On the other hand, the results
overestimate the lattice constant along the b axis, in contradiction
to the usual systematic LDA error. For the metastable Li7 P3 S∗11 the
calculation underestimates all three lattice constants compared with
experiment as is more common in LDA calculations. For the experimental structures the lattice parameters given in Ref. 3 (based on X-ray
diffraction) and Ref. 7 (based on both X-ray and neutron diffraction)
differ from each other by less than 1%.
Although the two experimental measurements of the lattice parameters for Li7 P3 S11 are quite similar, there are measurable differences
in the reported fractional coordinates as shown in Table IV. The Xray3 and neutron7 measurements differ primarily in determining the
locations of sites Li(2) and Li(7), which vary by a fractional difference
of 0.2 along the b axis corresponding to approximately 1 Å in distance. Table IV also lists the fractional coordinates of the two different
calculated structures Li7 P3 S11 and Li7 P3 S∗11 , which show measurable
variations with each other and with experiment. The variations in the
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Figure 1. (Color online.) Ball and stick diagrams of supercells of calculated optimized structures of (a): Li7 P3 S11 , (b): Li7 P3 O11 , and (c): Li8 P3 O10 N. Li, P, S,
O, and N are indicated with white, black, yellow, blue, and green balls respectively. In (a) Li sites are indicated using the same numbering scheme as in Refs. 3
and 7, and the numbering for (b) and (c), while not shown, is analogous.

calculated atomic positions between the two structures and between
the calculations and experiment average approximately 0.5 Å per
atom, with the largest variations occurring in the Li positions. While
structural differences between Li7 P3 S11 and Li7 P3 S∗11 are measurable,
visualization in a plot from the perspective shown in Fig. 1 is quite
subtle, which can be seen in Figs 4 and 6. These figures will be further discussed in connection with metastable interstitial sites. As we
observe in our study of migrations and defect sites, even such subtle
structural differences can have qualitative effects on Li ion behaviors.
As in our formation energy analysis, it is interesting to consider
Li7 P3 S11 in terms of Li3 PS4 monomer and Li4 P2 S7 dimer components.
From this perspective one expects three Li sites to be associated
with the monomer and four Li sites to be associated with the dimer.
Examining the ball and stick diagram of Li7 P3 S11 shown in Fig. 1,
it appears that the monomer Li sites are 1, 2, and 7, while the dimer
Li sites are 2, 3, 5, and 6. However, analyzing the nearest Li−S
distances, in the calculated structures we find that many of the Li+
ions are virtually equidistant to sulfurs in both P2 S7 and PS4 groups.
The details of Li ion placement differ slightly for the two calculated
and two experimental structures. For the experimental structures, with
a few exceptions, most of the distinct Li sites have nearest neighbor
Li−S separations which are at least 0.1 Å smaller than that of the
next nearest neighbor. This contrasts with the calculated structures
which show essentially equal Li−S separations for the first two or
three nearest neighbors.
In addition to data for Li7 P3 S11 , the lattice constants of the hypothetical Li7 P3 O11 and Li8 P3 O10 N materials are also shown in Table III.
Not surprisingly, these crystals have smaller dimensions and somewhat different proportions than their thiophosphate analogs. These
structures are also visualized in Fig. 1. While converging the optimal
structure for Li7 P3 O11 , we found many metastable forms as might
be expected for a naturally glassy material. The optimization of the
Li8 P3 O10 N structure was computationally more robust. Table V shows

Table IV. Fractional coordinates (x, y, z) of unique atomic sites in
Li7 P3 S11 ( P 1̄ structure).
Site
Li(1)
Li(2)
Li(3)
Li(4)
Li(5)
Li(6)
Li(7)
P(1)
P(2)
P(3)
S(1)
S(2)
S(3)
S(4)
S(5)
S(6)

Table III. Lattice parameters calculated for stable and metastable
structures of Li7 P3 S11 , compared with experimental results
(in parentheses). Lattice parameters calculated for metastable
structures of Li7 P3 O11 and Li8 P3 O10 N are also listed.

Li7 P3 S11
Li7 P3 S∗11
Li7 P3 S11 a
Li7 P3 S11 b
Li7 P3 O11
Li8 P3 O10 N
a
b

a (Å)

b (Å)

c (Å)

α (o )

β (o )

γ (o )

12.00
12.38
(12.50)
(12.48)
9.58
9.62

6.16
5.93
(6.03)
(6.03)
4.99
4.85

12.25
12.13
(12.53)
(12.50)
10.46
10.46

102.5
104.7
(102.8)
(102.9)
103.0
103.1

113.8
112.8
(113.2)
(113.3)
116.4
115.8

72.1
74.3
(74.5)
(74.5)
72.4
75.3

S(7)
S(8)
S(9)
S(10)
S(11)

Simulations
0.094)a

(0.669, 0.070,
(0.669, 0.065, 0.099)b
(0.600, 0.549, 0.880)a
(0.632, 0.553, 0.885)b
(0.199, 0.489, 0.707)a
(0.172, 0.526, 0.706)b
(−0.030, 0.837, 0.251)a
(−0.020, 0.801, 0.225)b
(0.299, 0.771, 0.298)a
(0.315, 0.792, 0.325)b
(0.680, 0.648, 0.508)a
(0.669, 0.599, 0.488)b
(0.129, 0.268, 0.116)a
(0.144, 0.114, 0.153)b
(0.780, 0.054, 0.452)a
(0.790, 0.030, 0.452)b
(0.472, −0.007, 0.273)a
(0.479, 0.002, 0.277)b
(0.830, 0.318, 0.057)a
(0.836, 0.275, 0.049)b
(0.822, 0.289, 0.598)a
(0.833, 0.280, 0.604)b
(0.811, 0.118, 0.314)a
(0.823, 0.070, 0.310)b
(0.853, −0.271, 0.488)a
(0.844, −0.299, 0.489)b
(0.583, 0.170, 0.425)a
(0.604, 0.171, 0.432)b
(0.304, 0.152, 0.294)a
(0.329, 0.197, 0.311)b
(0.478, 0.047, 0.120)a
(0.484, 0.052, 0.121)b
(0.521, −0.343, 0.302)a
(0.510, −0.344, 0.292)b
(0.820, 0.394, −0.102)a
(0.832, 0.328, −0.113b
(0.865, −0.028, 0.057)a
(0.844, −0.080, 0.036)b
(0.663, 0.474, 0.081)a
(0.685, 0.469, 0.084)b
(0.968, 0.429, 0.203)a
(0.977, 0.376, 0.196)b

Experiments
(0.669, 0.132, 0.092)c
(0.676, 0.131, 0.145)d
(0.638, 0.402, 0.866)c
(0.618, 0.623, 0.869)d
(0.216, 0.530, 0.740)c
(0.268, 0.491, 0.735)d
(−0.058, 0.786, 0.270)c
(−0.073, 0.832, 0.234)d
(0.359, 0.591, 0.337)c
(0.315, 0.649, 0.282)d
(0.637, 0.734, 0.498)c
(0.664, 0.751, 0.512)d
(0.139, 0.294, 0.134)c
(0.122, 0.101, 0.129)d
(0.794, 0.033, 0.465)c
(0.792, 0.055, 0.473)d
(0.493, 0.038, 0.297)c
(0.489, 0.010, 0.300)d
(0.840, 0.270, 0.059)c
(0.843, 0.257, 0.071)d
(0.861, 0.236, 0.620)c
(0.852, 0.210, 0.640)d
(0.824, 0.105, 0.334)c
(0.832, 0.140, 0.353)d
(0.840, −0.317, 0.468)c
(0.840, −0.305, 0.465)d
(0.618, 0.160, 0.453)c
(0.609, 0.171, 0.444)d
(0.331, 0.227, 0.288)c
(0.323, 0.210, 0.283)d
(0.509, 0.080, 0.151)c
(0.524, 0.012, 0.158)d
(0.509, −0.300, 0.307)c
(0.513, −0.337, 0.302)d
(0.841, 0.330, −0.097c
(0.847, 0.329, −0.077d
(0.828, −0.073, 0.046)c
(0.827, −0.091, 0.038)d
(0.678, 0.487, 0.064)c
(0.676, 0.480, 0.061)d
(0.977, 0.351, 0.188)c
(0.965, 0.376, 0.210)d

a
b
c

Li7 P3 S11 simulation.
Li7 P3 S∗11 simulation.
Ref. 4 (X-ray).
d Ref. 8 (Neutron).

Ref. 4.
Ref. 8.
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Table V. Fractional coordinates (x, y, z) of unique atomic sites
calculated for Li7 P3 O11 and Li8 P3 O10 N ( P 1̄ structure).
Site
Li(1)
Li(2)
Li(3)
Li(4)
Li(5)
Li(6)
Li(7)
Li(8)
P(1)
P(2)
P(3)
O(1)
O(2)
O(3)
O(4)/N
O(5)
O(6)
O(7)
O(8)
O(9)
O(10)
O(11)

Li7 P3 O11

Li7 P3 O10 N

(0.647, −0.106, 0.059)
(0.485, 0.534, 0.874)
(0.087, 0.601, 0.617)
(−0.055, 0.838, 0.260)
(0.268, 0.666, 0.241)
(0.825, 0.609, 0.644)
(0.113, 0.278, 0.054)

(0.644, −0.099, 0.073)
(0.507, 0.505, 0.882)
(0.169, 0.553, 0.630)
(−0.050, 0.861, 0.292)
(0.236, 0.688, 0.210)
(0.840, 0.606, 0.659)
(0.109, 0.267, 0.031)
(0.458, 0.348, 0.565)
(0.734, 0.055, 0.476)
(0.436, 0.092, 0.253)
(0.834, 0.319, 0.107)
(0.822, 0.200, 0.631)
(0.823, 0.080, 0.385)
(0.747, −0.268, 0.480)
(0.555, 0.214, 0.412)
(0.270, 0.272, 0.222)
(0.487, 0.114, 0.134)
(0.431, −0.227, 0.249)
(0.891, 0.346, −0.005
(0.839, −0.001, 0.108)
(0.665, 0.490, 0.075)
(0.940, 0.449, 0.258)

(0.784, 0.032, 0.473)
(0.455, 0.050, 0.254)
(0.831, 0.316, 0.082)
(0.831, 0.212, 0.619)
(0.836, 0.096, 0.368)
(0.842, −0.284, 0.493)
(0.591, 0.120, 0.409)
(0.299, 0.262, 0.249)
(0.503, 0.097, 0.141)
(0.447, −0.252, 0.247)
(0.879, 0.342, −0.037
(0.832, 0.005, 0.083)
(0.663, 0.505, 0.062)
(0.954, 0.427, 0.227)

the calculated fractional coordinates for Li7 P3 O11 and Li8 P3 O10 N for
the lowest energy structures that we have found. Here we see that the
additional Li (Li(8)) in the nitrided case relaxes to a position near the
N that replaces the O at the bridge-bonding site.
Li Ion Migration Analysis
In order to study Li ion migration in these materials we have
considered vacancy, interstitial, and composite mechanisms using the
nudged elastic band (NEB) method23–25 to estimate barriers for migration between metastable defect sites. While for such a complicated
structure it is not possible to study all possible migrations, we considered several possibilities.
Analysis for Li7 P3 S11 and Li7 P3 S∗11 —.Vacancy mechanism –
Li7 P3 S11 .— The relaxed vacancy structures were determined by using
a fixed volume 1 × 2 × 1 supercell. In order to approximate the electrically insulating properties of the electrolyte, an extra electron was
added to the system and compensated by a uniform positive charge.
While no attempt was made to correct for supercell errors,34 we expect relative configuration energies to be well-approximated. We first
consider results determined for the most stable structure of Li7 P3 S11 ,
including vacancy defects at all 7 inequivalent Li sites.
For Li7 P3 S11 the energies of the relaxed vacancy configurations
relative to that of the most stable one (labeled 5), as well as the
distortion parameters defined in Eqs. 1 and 2 are given in Table VI. The
low vacancy energies Ev indicate the sites where vacancy formation
is energetically most favorable. In this case, the most favorable sites
for vacancy formation are 5 and 6, while the most energetically costly
Vac
vacancy formation sites are 3 and 4. The distortion parameters Datom
and MVac
atom are the greatest for the Li host atoms and the least for the
P host atoms, while the S distortions are less than or similar to the Li
distortions. The relatively small distortions of the S and P host atoms
are presumably due to their covalent bonding within the monomer
and dimer groups. Because the P atoms are anchored by several P−S
bonds their distortions are further restricted.
In order to investigate a vacancy mechanism for Li ion migration, we performed NEB calculations for hopping between various
vacancy sites. For each vacancy, NEB migrations to 5 or more nearest
neighbors were computed. From these pairwise steps, sequential low
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Table VI. Table of energies Ev (in eV) and distortions (in Å) for
unique vacancy sites in Li7 P3 S11 calculated for a 1 × 2 × 1
supercell. The vacancy labels are given in Fig. 1 and the
energies are given relative to the most stable site (5). The distortion
parameters are calculated using Eqs. 1 and 2.
Label
1
2
3
4
5
6
7

Ev

Vac
DLi
/MVac
Li

DSVac /MVac
S

DPVac /MVac
P

0.23
0.11
0.27
0.28
0.00
0.07
0.24

0.11/0.53
0.14/0.46
0.11/0.44
0.07/0.26
0.09/0.31
0.09/0.73
0.09/0.26

0.10/0.52
0.10/0.46
0.08/0.31
0.05/0.23
0.06/0.26
0.05/0.15
0.07/0.24

0.05/0.10
0.06/0.12
0.04/0.08
0.03/0.04
0.04/0.09
0.04/0.07
0.05/0.12

energy hops were selected in order to estimate energy barriers Em
for migration along each crystallographic direction. These paths are
shown in Fig. 2. While many of the hops between neighboring vacancy configurations have small energy barriers, Em values for paths
that traverse the supercell are determined by the maximum barriers
along each path which are determined to be 0.43 eV, 0.29 eV, and
0.15 eV for the c, a, and b axes respectively. There are some common hops among some of the paths. However, the 1 ↔ 2 hops along
the a and c axes are different, connecting equivalent sites in two distinct ways. Interestingly, there is significant structure in the energy
diagrams between most of the metastable states, which is often associated with metastable interstitial positions occupied by host atoms
during the vacancy migration step. The lowest migration barrier that
we found for this material is 0.15 eV for net migration along the b
axis involving zig-zag hops between the 4 ↔ 3 sites. Assuming that
the formation energy for vacancy-interstitial pairs is negligible (a fact
consistent with our simulations) an activation energy of Em = 0.15
eV for this material is close to the value of 0.12 eV measured in
experiment.2, 4
Vacancy mechanism – Li7 P3 S∗11 .—For comparison, it is interesting to
study vacancies in the metastable structure Li7 P3 S∗11 . The list of vacancy energies is given in Table VII. While site 5 remains the most
stable vacancy site, the energetic variation among the other vacancy
sites is substantially different in this structure. A large part of this
energetic variation is related to the instability of several vacancy sites
in this structure, as indicated by the large values of MVac
Li for sites 3
and 4. A more detailed analysis of the relaxed structure for a vacancy
at site 4 shows that the Li from the neighboring host lattice site 7
is distorted to toward the vacancy by 2 Å (60% of the distance between the corresponding sites in the perfect lattice). This relaxation
contributes substantially to Ev (4) as evidenced by the energy found
from a constrained relaxation of this site. We found the constrained
relaxation energy of the 4 to be 0.27 eV, comparable to the full

Table VII. Table of energies Ev (in eV) and distortions (in Å)
for unique vacancy sites in Li7 P3 S∗11 calculated for a 1 × 2 × 1
supercell. The vacancy labels are given in Fig. 1 and the energies
are given relative to the most stable site (5) for this structure.
The distortion parameters, calculated using Eqs. 1 and 2 can be
compared with the analogous values in Table VI for the more
stable Li7 P3 S11 structure.
Label
1
2
3
4
5
6
7

Ev

Vac
DLi
/MVac
Li

DSVac /MVac
S

DPVac /MVac
P

0.38
0.27
0.27
0.16
0.00
0.19
0.22

0.15/1.00
0.16/0.88
0.34/1.69
0.33/2.17
0.11/0.25
0.13/0.28
0.15/1.04

0.07/0.18
0.08/0.29
0.15/0.50
0.11/0.38
0.08/0.34
0.07/0.21
0.07/0.25

0.04/0.07
0.05/0.11
0.07/0.11
0.06/0.13
0.05/0.08
0.04/0.07
0.04/0.09
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Figure 2. (Color online.) Energy path diagram for Li ion vacancy migration in Li7 P3 S11 between vacancies sites with net migration along the c-axis, a-axis, and
b-axis. The points represent the calculated NEB images and the curve is interpolated. The horizontal scale is determined by the distances between NEB images,
scaled to a unit distance between metastable configurations. The site labels are defined in Fig. 1. The energy scale is referenced to the lowest energy vacancy site
5. Colored inset represents a visualization of the path between the 4 and 3 sites having net migration along the b-axis based on the perfect crystal structure.

relaxation energies of the 2 and 3 sites of this structure. Likewise
for a vacancy at site 3, the neighboring host lattice sites 4 and 7 are
both strongly affected. For these unstable vacancy sites, the vacancy
site labels are ambiguous.
For the Li7 P3 S∗11 structure we carried out an NEB analysis similar
to that described for the Li7 P3 S11 structure. Due to the instabilities
of the 3 and 4 sites, complete through paths corresponding to those
presented in Fig. 2 are not possible. Figure 3 shows an example of
a partial path compared with the corresponding path of the stable
Li7 P3 S11 structure. In this case, the migration barrier for the Li7 P3 S11
structure is Em = 0.43 eV because of the the hop between sites 5
and 6. For the Li7 P3 S∗11 structure, the barrier for this path is slightly
greater due to the higher relative energies of sites 1 and 2. This figure
illustrates that while some similarities exist, in general the Li ion
migration properties are sensitive to the details of the structure of
these materials.

For each grid site, an interstitial Li ion was added to the perfect 1 × 2
× 1 supercell and the system was allowed to relax at constant volume.
As in the vacancy case, an electrically insulating system was approximated. An electron was removed from the system and compensated
with a uniform negative charge. In order to best approximate the creation of a single interstitial defect, each interstitial site found from the
grid search was added back to the perfect crystal and allowed to relax
again. The low energy (Ei < 0.2 eV) relaxed interstitial positions found
in this search are visualized in Fig. 4 superposed on the perfect lattice

Interstitial mechanism – Li7 P3 S11 .—In addition to vacancy defects, it
is possible to find many metastable sites capable of accommodating an
excess Li ion in the Li7 P3 S11 structure. A systematic search for these
metastable sites was performed using a regular grid of possible sites.

0.5
Li7P3S11
Li7P3S11*

Epath (eV)

0.4
0.3
0.2

Em

0.1
0

1

2

5

6

Figure 3. Energy path diagram for Li ion vacancy migration, comparing
portions of the paths along the c-axis in in Li7 P3 S11 and Li7 P3 S∗11 . The energy
scale for each material is referenced to its lowest energy vacancy site (5).

Figure 4. (Color online.) Li ion interstitial sites visualized by superposition
on the perfect Li7 P3 S11 lattice. The interstitial sites are indicated with small
dark red balls, using a dark to light variation to indicate the lowest to highest
energy sites in the 0.00–0.19 eV energy scale. Inequivalent sites are labeled
with Greek symbols.
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Table VIII. Table of energies Ei (in eV) and distortions (in Å)
for metastable interstitial sites in Li7 P3 S11 calculated for a 1 ×
2 × 1 supercell. The interstitial labels are given in Fig. 4 and the
energies are given relative to the most stable site (α). The distortion
parameters are calculated using Eqs. 1 and 2.
Ei

Int /MInt
DLi
Li

DSInt /MInt
S

DPInt /MInt
P

0.00
0.07
0.11
0.11
0.18
0.19

0.24/1.60
0.13/0.99
0.18/1.50
0.48/1.83
0.16/1.50
0.24/1.68

0.08/0.23
0.08/0.28
0.08/0.37
0.18/0.49
0.08/0.19
0.13/0.35

0.05/0.08
0.06/0.11
0.04/0.08
0.10/0.18
0.06/0.09
0.10/0.14

Label
α
β
γ
δ

ζ

supercell. They represent 6 non-equivalent positions, the most stable
of which (α) is located at the origin of our supercell. The energies
Ei of these relaxed interstitial sites, relative to the α site, are listed in
Table VIII along with the corresponding distortion parameters. Notably, we have found 6 distinct sites in an energy range of 0–0.2 eV,
some of which are in close proximity to each other and to vacancy
sites 3 and 4. In addition to these reported low energy interstitial sites,
some higher energy sites were also found. As an example, the energy
of an interstitial defect at the inversion center is Ei = 0.9 eV, although
other metastable interstitial defects in the vicinity of the inversion
center were difficult to stabilize.
Since there are a number of interstitial sites in close proximity, it
is possible to construct a migration path between them. The lowest
energy path we found is along the c-axis and is presented in Figure 5.
The migration barrier Em = 0.49 eV is dominated by the hop between
equivalent β sites. While the γ site is not explicitly labeled in this plot,
it is represented by the local minimum in the energy path between the
 and β sites.
Interstitial mechanism – Li7 P3 S∗11 .—We have also examined the
metastable interstitial sites in the Li7 P3 S∗11 structure. Although the
structural differences between the two structures is small, it is large
enough to have an effect on the positions and relative energies of
the metastable sites. Figure 6 shows the placement of the low energy
metastable interstitial sites superposed on the perfect structure of the
Li7 P3 S∗11 crystal and Table IX shows the corresponding energies and
host lattice distortions. Interestingly, the α, β, and ζ sites are metastable
in both structures, while the Li7 P3 S∗11 structure has two new sites we
label η and θ, and the γ and δ sites from the Li7 P3 S11 structure are not
found. The site labeled η is close to the β site along the a and c axes
but is shifted along the b-axis.
Combined vacancy-interstitial mechanism – Li7 P3 S11 .—In addition to
the study of single defects in the 1 × 2 × 1 supercell, it is interesting
to consider the formation of vacancy-interstitial pairs in Li7 P3 S11 .
As shown in Table X, we found several examples of configurations
with very low pair formation energies Ef and many of them have low
activation barriers. In fact the energy of the 5 configuration has the
unphysical value of Ef < 0. This is likely an artifact of the supercell due
to dipolar images. The corresponding value in a 2 × 2 × 1 supercell is

Figure 6. (Color online.) Li ion interstitial sites visualized by superposition
on the perfect Li7 P3 S∗11 lattice. The interstitial sites are indicated with small
dark red balls, using a dark to light variation to indicate the lowest to highest
energy sites in the 0.00–0.26 eV energy scale. Inequivalent sites are labeled
with Greek symbols.

less negative by 0.01 eV. Since the supercell image errors are sensitive
to the geometries of the defects, we expect that the other values of
Ef listed in Table X could also have errors in the neighborhood of
±0.03 eV. Nevertheless the qualitative results of Table X indicate
several examples of low energy vacancy-interstitial pair formations in
Li7 P3 S11 .
The pair formation energy Ef relates to the experimentally measured temperature-dependent conductivity σ(T) which follows an Arrhenius behavior of the form
σ0
σ(T ) = e−E A /kT ,
[3]
T
where k denotes the Boltzmann constant, σ0 denotes a temperature
independent system constant, and the experimentally determined activation energy EA is related to the calculated energies according to
E A = E m + E f /2.

For materials having small formation energies Ef such as Li7 P3 S11 ,
the measured activation energies EA are dominated by the migration
energies Em .
In addition to considering vacancy-interstitial pair formation and
single defect migration statistically independently, as indicated by
the Arrhenius behavior 3, we have also investigated some possible concerted mechanisms involving both the vacancy and interstitial sites. One such example is given in Fig. 7 showing a process
which starts with the perfect crystal followed by the formation of a

Table IX. Table of Ei energies (in eV) and distortions (in Å) for
metastable interstitial sites in Li7 P3 S∗11 calculated for a 1 × 2
× 1 supercell. The interstitial labels are given in Fig. 6 and the
energies are given relative to the most stable site (α). The distortion
parameters are calculated using Eqs. 1 and 2.

0.5
(eV)

0.3

E

0.4

0.2

Along c-axis

α

ε

β

Ei

Int /MInt
DLi
Li

DSInt /MInt
S

DPInt /MInt
P

α
β
ζ

0.00
0.14
0.26

0.14/0.33
0.15/1.38
0.21/1.14

0.07/0.22
0.08/0.26
0.08/0.21

0.03/0.04
0.06/0.10
0.04/0.09

η
θ

0.10
0.13

0.38/1.96
0.16/1.01

0.11/0.30
0.07/0.32

0.08/0.11
0.05/0.08

Label

Em

0.1
0

[4]

β

ε

α

Figure 5. Energy path diagram for Li ion migration in Li7 P3 S11 with a pure
interestitial mechanism. The site labels are defined in Fig. 4 and the energy
scale is referenced to the lowest energy site α.
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Table X. Table of vacancy-interstitial pair formation energies
Ef (in eV) and the corresponding host lattice distortions (in Å)
calculated using Eqs. 1 and 2. For several of the vacancy-interstitial
pairs, a direct formation process can be identified. For those, the
migration barriers Em (in eV) and the separation R (in Å) of the
vacancy and interstitial sites (estimated from the perfect lattice)
are also reported.
Label

Ef

Pair /MPair D Pair /MPair D Pair /MPair
DLi
Li
S
S
P
P

3β
5
7
4γ

0.05
−0.03
0.07
0.02

0.06/0.17
0.16/1.48
0.07/0.25
0.09/0.58

0.05/0.18
0.08/0.18
0.05/0.20
0.06/0.26

0.03/0.06
0.07/0.11
0.03/0.05
0.04/0.08

5α
6α
6β

0.01
0.10
0.14

0.28/1.66
0.35/1.69
0.15/1.11

0.10/0.24
0.11/0.29
0.12/0.31

0.05/0.09
0.09/0.14
0.10/0.15

Table XI. Table of energies Ev (in eV) and distortions (in Å) for
unique vacancy sites in Li7 P3 O11 calculated for a 1 × 2 × 1
supercell. The vacancy labels are given in Fig. 1 and the
energies are given relative to the most stable site (4). The distortion
parameters are calculated using Eqs. 1 and 2.

R

Em

1.93
2.60
2.82
1.91

0.09
0.13
0.11
0.08

vacancy-interstitial pair of type 4β. In the simulation, it is assumed
that the β interstitial site remains fixed while the vacancy continues
to migrate along the a-axis. From this study, we see that at sufficient
separation between the vacancy and interstitial defects their interaction effects are small so that the energy path diagram is very similar
to that of the pure vacancy, which is superposed in the figure. For the
path shown, the 4 vacancy migrates along the a and b axes to another
4 vacancy site which is no longer equivalent because it is further from
the interstitial ion at the site β. The larger deviations of the energy
path diagrams in the vicinity of the 7 site are due to a supercell image
of the β interstitial in this calculation. The particular path shown in
this diagram is unlikely to be important in Li ion migration. Not only
does it have a large migration energy Em = 0.54 eV, but the statistical
probability of this concerted pair is much smaller than the probability
of the single particle events.
Analysis for Li7 P3 O11 .— The metastable crystal Li7 P3 O11 is structurally very similar to its thiophosphate analog and is visualized in
Fig. 1. Using the same Li site labels given for the Li7 P3 S11 structure, it
is possible to analyze the Li ion migration in Li7 P3 O11 in a similar way.
The energies of the relaxed vacancy configurations relative to that of
the most stable one (labeled 4) and the corresponding distortion measures defined by Eqs. 1 and 2 for the 7 inequivalent Li ion vacancies
are given in Table XI. In contrast to the thiophosphate material, the
most favorable sites for vacancy formation in Li7 P3 O11 are the 4 and
3 sites, while the least favorable are the 5 and 6 sites. Furthermore,
the 2 vacancy site for this structure is unstable as indicated by its large
value of MVac
Li due to the motion of the host lattice 3 site toward the
vacancy.
As for the thiophosphate material, nearest neighbor NEB paths
were computed and minimal energy through paths were constructed

1
2
3
4
5
6
7

(eV)

0.4

Vac
DLi
/MVac
Li

Vac
DO
/MVac
O

DPVac /MVac
P

0.12
0.02
0.01
0.00
0.39
0.26
0.12

0.06/0.22
0.16/2.45
0.06/0.30
0.09/0.97
0.05/0.12
0.05/0.19
0.05/0.15

0.05/0.18
0.09/0.31
0.06/0.29
0.06/0.34
0.06/0.31
0.04/0.19
0.05/0.27

0.04/0.07
0.06/0.12
0.04/0.09
0.04/0.07
0.04/0.11
0.03/0.07
0.03/0.07

for Li7 P3 O11 . The energy path diagrams for net motion along the
a, b, and c axes are presented in Fig. 8. Some of the steps involve
symmetry equivalent sites such as 7 ↔ 7. Along the c axis Em is
0.54 eV and along the a axis Em is 0.53 eV. For net migration along the
b-axis, three of the paths have very similar values of Em – 0.52, 0.52,
0.59 eV for the zig-zag hops between 4 ↔ 3, 7 ↔ 7, and 6 ↔ 5 sites,
respectively. Figure 8 shows that the path corresponding to a Li ion
migration migration energy of Em = 0.15 eV in the Li7 P3 S11 structure
has a migration energy of Em = 0.52 eV in Li7 P3 O11 using the same
supercell.
In order to estimate the results of supercell size, we performed
very limited calculations for a 1 × 4 × 1 supercell. The NEB path
between sites 3 and 4 with net migration along the b-axis is shown
in Fig. 9. While details of the path differ, the results are quite similar. The relative vacancy energies given in Table XI for the 1 × 2
× 1 supercell differ by at most 0.03 eV from those calculated for the
1 × 4 × 1 supercell.
In addition to studying the energies for Li ion migrations, we
also studied the formation of vacancy-interstital pairs, estimating the
lowest formation energy to be Ef = 0.5 eV with more typical formation
energies in the neighborhood of Ef = 0.8 eV.
Analysis for Li8 P3 O10 N.— Li8 P3 O10 N differs from the analogous
Li7 P3 O11 structure by the substitution of each bridge-bonding O with
N and the addition of an extra Li near each N site as shown in Fig. 1.
The energies of the relaxed vacancy configurations relative to that of
the most stable one (labeled 3), as well as the distortion parameters
defined in Eqs. 1 and 2 are given in Table XII. In this case, because
of a subtle accident of the geometry, the most stable vacancy site (3)
is lower in energy by 0.3 eV than the other 7. The distortions induced
by the vacancies are relatively small.
Figure 10 shows a possible Li ion vacancy migration path for this
structure. While there may be paths with lower migration barriers,

Table XII. Table of energies Ev (in eV) and distortions (in Å)
for unique vacancy sites in Li8 P3 O10 N calculated for a 1 × 2 ×
1 supercell. The vacancy labels are given in Fig. 1 and Table V
and the energies are given relative to the most stable site (3). The
distortion parameters are calculated using Eqs. 1 and 2.

0.6
0.5
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Label

Interstitial and Vacancy
Vacancy Only

E

0.3
0.2
0.1
0

Label
4β

3β

1β

2β

7β

Ev

Vac
DLi
/MVac
Li

Vac
DO
/MVac
O

Vac
DN
/MVac
N

DPVac /MVac
P

0.33
0.27
0.00
0.36
0.31
0.39
0.35
0.37

0.05/0.16
0.07/0.62
0.05/0.41
0.08/0.89
0.05/0.13
0.04/0.20
0.04/0.14
0.05/0.28

0.04/0.25
0.05/0.24
0.04/0.30
0.06/0.23
0.05/0.26
0.04/0.26
0.05/0.24
0.04/0.25

0.03/0.08
0.03/0.04
0.02/0.03
0.05/0.10
0.03/0.03
0.03/0.04
0.03/0.08
0.08/0.14

0.03/0.07
0.03/0.08
0.02/0.06
0.03/0.06
0.03/0.07
0.03/0.08
0.03/0.06
0.03/0.07

4β

1
2
3
4
5
6
7
8

Figure 7. Energy path diagram for Li ion migration in Li7 P3 S11 with a both
interstitial and vacancy involvement, starting with the perfect supercell followed by 4β formation. In subsequent steps, the interstitial Li is held at the β
site while the vacancy migrates along a path along the a-axis. The energy scale
for this curve is referenced to the perfect crystal. In addition to the neutral pair
migration, a portion of the pure vacancy path diagram is superposed on the
figure (with energy shifted so that the two curves coincide at the 1 vacancy
configuration).
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Figure 8. Energy path diagrams for Li ion
vacancy migration in Li7 P3 O11 with net motion along the c, a, and b axes. For the b-axis
plot the vacancy labels v1 and v2 are given in
the legend. The energy scale is referenced to
the lowest energy vacancy site 4.
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paths that avoid the 3 site are likely to have lower overall barriers. We
observe that hops to sites near the N bonds are relatively favorable, but
we find an overall barrier of Em = 0.60 eV. The vacancy-interstitial
formation is estimated to be Ef = 1.2 eV.

1 x 2 x 1 supercell
1 x 4 x 1 supercell

Epath (eV)

0.4
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Discussion

0.2
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0
4
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Figure 9. Energy path diagram for Li ion vacancy migration in Li7 P3 O11
between vacancies sites 3 and 4 with net migration along the b-axis, comparing
results from a 1 × 2 × 1 supercell (as in Fig. 8) with that from a 1 × 4 × 1
supercell. The vertical scale for the 1 × 2 × 1 supercell calculation was fixed
by choosing the energy of the 4 as the zero reference, while for the 1 × 4 × 1
supercell the lowest energy along the interpolated path energy was set to 0.
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Figure 10. Energy path diagram for Li ion vacancy migration in Li8 P3 O10 N
between vacancies sites with a net migration path with components along all of
the crystallographic axes. The energy scale is referenced to the lowest energy
vacancy site 3.

The results presented for ionic conduction in Li7 P3 S11 can be
related to some of the attributes of superionic conductors35 which
typically have a number of partially occupied, low activation energy
metastable sites. Applying this notion to Li7 P3 S11 , we have identified
several extra metastable sites in the crystal structure which have approximately the same locations in the interstitial, vacancy, and combined vacancy-interstitial simulations. These sites can be occupied
when excess Li is present or when a host Li is displaced to form a
vacancy interstitial pair. In fact, Table X shows several examples of
vacancy-interstitial combinations having very small formation energies Ef . The effects of these metastable sites can be seen trivially in
the interstitial and combined simulations, but they are also important
in the pure vacancy migration process. In this instance, the metastable
low energy interstitial sites shown in Fig. 4 and listed in Table VIII
affect the energy path profiles for the vacancy migration mechanisms
shown in Fig. 2. The paths show a number of local energy minima due
to the migrating lithiums passing near local potential minima caused
by the metastable interstitial sites. For example, we have determined
that the migrating host Li ion passes near the interstitial δ site in the
vacancy process involving sites 1 and 2 along the c-axis and sites 2
and 7 along the a-axis. Similarly, the interstitial γ site is involved with
the local energy minimum in the vacancy process involving the 3 and
4 sites along the b-axis and in the process involving the 7 and 4 sites
along the a-axis which also involves the interstitial  site. As a counter
example to superionic behavior, the energy path analysis of Li ion
vacancy diffusion in the Li7 P3 O11 and Li8 P3 O10 N materials indicate
much less involvement of interstitial sites, a result which correlates
with the relatively large vacancy-interstitial pair formation energies
of Ef ≥ 0.5 eV.
Another viewpoint for understanding Li ion migration in Li7 P3 S11
is to identify general regions of the crystal which are energetically
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unfavorable or favorable for Li ions. An example of the former is the
region bounded by two P2 S7 dimers in the local neighborhood of the
inversion center and Li sites 5 and 6. In this region, the metastable
interstitial sites have relatively high energy, the metastable vacancy
energies E v (5) and E v (6) are low (indicating that this region is less
attractive to Li occupation), and the vacancy migration energies are
high (Em ≈ 0.4 eV). The second type of region occurs between PS4
monomer and P2 S7 dimer components, especially in the neighborhood
of the Li sites 3 and 4. In this region, the metastable interstitial sites (β,
γ, ) have relatively low energy, the metastable vacancy site energies
E v (3) and E v (4) are high (indicating that this region is more attractive
to Li occupation), and the vacancy migration energies are low (Em
≈ 0.2 eV). These sets of properties suggest that Li ion migration in
this material occurs primarily in the second region. This analysis is
similar to that discussed by Onodera et al.7 On the basis of geometry
they identified a region of favorable Li ion diffusion which is similar
to our second region.
Conclusions
We have modeled a stable structure for crystalline Li7 P3 S11 with
the P 1̄ space group and with approximate agreement with the experimental X-ray analysis3 and neutron diffraction analysis.7 Our
formation energy results show the calculated structure to be stable
with respect to decomposition into crystals of Li3 PS4 and crystals
of Li4 P2 S7 crystals. Since crystals of Li4 P2 S7 dimers have not been
experimentally observed, it is more relevant that our results show that
it is energetically favorable for Li7 P3 S11 to decomposite into crystals of Li3 PS4 monomers and crystals of Li4 P2 S6 dimers plus excess
S. This decomposition of Li7 P3 S11 has been reported5 under certain
preparation conditions. The fact that high quality crystals of Li7 P3 S11
have been prepared at room temperature by quenching techniques1–7
indicates that there must be a high kinetic barrier which inhibits phase
transformation at low temperature to the equilibrium structure.
Our analysis of likely Li ion migration processes find a low energy
Li ion vacancy path with net motion along the crystallographic b-axis
between the monomer and dimer groups having Em = 0.15 eV. While
we have attempted to make a systematic search for low energy migration paths through the crystal, we cannot claim to have examined all of
the possible low energy paths. The vacancy-interstitial pair formation
energy is estimated to be Ef = 0.02 ± 0.03 eV. The results for Em and
Ef are in good agreement with the activation energy of EA = 0.12 eV
measured from temperature dependent conductivity experiments2, 4
and the activation of EA = 0.18 eV found under different preparation
conditions.6 The small values of Em and Ef found for this material are
consistent with properties expected for a superionic conductor.
In addition, we have found a slightly less stable structure for this
lithium thiophosphate material which we have labeled Li7 P3 S∗11 with
a total energy 0.07 eV per formula unit higher than the most stable
structure. The computation of this metastable structure comes from
optimizing the atomic coordinates determined in the neutron diffraction experiment7 (instead of those determined in the X-ray diffraction experiment3 ). We have not found a transformation mechanism
between the two structural forms. While the structural differences
of the two structures are quite subtle, their effects on the Li ion migration properties was shown to be significant. For example, some of
the Li ion vacancy sites are unstable (causing significant distortion
of the host lattice) in the Li7 P3 S∗11 structure while they are stable in
the Li7 P3 S11 structure. The interstitial Li sites also differ in the two
structures. While more work is needed to relate the detailed computational results to experiment, the qualitative results indicate that subtle
structural features of the electrolyte have the potential to significantly
affect the Li ion migration.
It is also interesting to contrast the properties of lithium thiophosphates with the corresponding lithium phosphates and lithium phosphonitrides, both from the pure academic viewpoint and also from
the technical viewpoint of possible insight into properties of LiPON
electrolytes. We found that it is possible to simulate hypothetical crystals of both Li7 P3 O11 and Li8 P3 O10 N which have similar metastable

structures with the same P 1̄ space group. The minimum Li ion vacancy migration energies were found to be Em = 0.5 and 0.6 eV for
and the vacancy-interstitial pair formation energies were found to be
Ef = 0.8 and 1.2 eV for Li7 P3 O11 and Li8 P3 O10 N respectively. While
these structures have not been observed experimentally, the computed
energies are comparable to results found in earlier studies on other
crystalline materials related to LiPON electrolytes36–38 and roughly
consistent with measured migration energies on LiPON materials.39
In the present study, the general results show that N does not obviously
lower the migration barrier or reduce the vacancy-interstitial pair formation energy, but it does seem to increase the stability of the material
in terms of decomposition into monomer and dimer fragments and in
terms of ease finding the stable structure.
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This work reports a computer modeling comparison of two solid electrolyte materials, Li3 PO4 and Li3 PS4 ,
in terms of the bulk structures, Li ion mobilities, and their interface properties with vacuum and with Li metal.
The simulations show that for some forms of Li3 PS4 , Li ions can move from a host lattice site to an interstitial
site with negligible net energy change. This favorable process for the formation of vacancy-interstitial pairs is
undoubtedly important for the structural and ion migration properties of β-Li3 PS4 . Our model results for the
idealized interfaces between the electrolytes and Li metal show that Li3 PO4 /Li interfaces are stable, while
Li3 PS4 /Li interfaces are not. We find that a Li3 PS4 surface in the presence of a small amount of Li relaxes to
a complicated structure involving broken P-S bonds. On the other hand, the computer models show that a very
thin film of Li2 S on the Li3 PS4 surface can provide a protective buffer layer to stabilize the interface between the
Li3 PS4 electrolytes and the Li metal anode.
DOI: 10.1103/PhysRevB.88.104103

PACS number(s): 82.47.Aa, 68.35.−p, 61.66.Fn

I. INTRODUCTION
1–4

Lithium thiophosphate, Li3 PS4 , has been shown to be a
very promising electrolyte material. It has interesting structural
properties and ionic conductivities compared with its lithium
phosphate analog5,6 Li3 PO4 which was the subject of previous
investigations.7,8 The focus of the present work is to study, via
computer modeling, the detailed relationship between Li3 PS4
and Li3 PO4 , including the bulk structures, the Li ion vacancy
and interstitial defect structures, the Li ion mobilities, and the
properties of the interfaces with vacuum and with Li metal.
The results of this study together with experimental results
reported in the literature are analyzed from the viewpoint of
solid-state battery technology.
Promising advances in all-solid-state lithium battery technology provide the general motivation for this study. As
pointed out in several recent reviews,9–11 an all-solid-state
battery design offers several advantages over current battery
technologies including stability, efficiency, and safety. The
prospects for battery designs with solid electrolytes were
recently encouraged by the discovery12 of the crystalline electrolyte Li10 GeP2 S12 with a room-temperature ionic conductivity comparable to that of liquid electrolytes. In addition, the
development1 of a nanoporous form of Li3 PS4 with improved
ionic conductivity compared to previous preparations2,3 also
shows significant technological promise.
The paper is organized as follows. Section II presents the
calculational methods used in this work. Results are presented
in Sec. III. Section III A presents a comparison of the bulk
structures of the two materials and their heats of formation.
The two materials have very similar but not identical crystal
structures. One of the phases of Li3 PS4 is experimentally
known to have disorder on some of its Li sites. We examine
ordered idealizations of these structures. The calculated heats
of formation provide information about the stabilities of the
various phases of the materials and also crudely approximate
reaction and decomposition energetics. Section III B presents
results on Li ion vacancies and interstitials and their migration
and formation properties within supercells of the bulk materials. The calculated activation energies for Li ion conductivities
1098-0121/2013/88(10)/104103(11)

are compared with corresponding results from experimental
measurements. Interfaces of the electrolyte with vacuum and
with Li metal are discussed in Sec. III C. Section IV presents
a discussion and conclusions of the work.

II. CALCULATIONAL METHODS

The calculational methods in this work are based on
density functional theory,13,14 using the projector augmented
wave (PAW)15 formalism. The PAW basis and projector
functions were generated by the ATOMPAW16 code and used
in both the ABINIT17 and QUANTUM ESPRESSO18 packages.
The exchange-correlation functional was the local-density
approximation (LDA).19 The choice of the LDA functional was
made on the basis of previous investigations7 of Li3 PO4 . In that
work, we showed that while the LDA results systematically
underestimated the size of the lattice parameters, the LDA
results for high-frequency phonon frequencies were in much
better agreement with experiment than those obtained using
the generalized gradient approximation20 (GGA) functional.
In the same work, we showed that the computed fractional
atomic coordinates are very close to experimental results and
that the energetics associated with Li+ migration are computed
to be very similar in both LDA and GGA approximations.
For analyzing formation energies and other perfect crystal
properties, calculations were performed with plane-wave
expansions of the wave function including |k + G|2  64
bohrs−2 and with a Brillouin-zone sampling grid density of at
least 10−3 bohrs−3 /k point. In fact, structural parameters and
relative energies were well converged with a smaller number of
plane waves (|k + G|2  49 bohrs−2 ) and a sparser Brillouinzone sampling (0.02 bohrs−3 /k point), so that simulations
requiring larger supercells could be well approximated using
these less stringent convergence parameters. Li vacancies and
interstitials were modeled in supercells containing 16 formula
units of Li3 PO4 or Li3 PS4 . These supercells were used to
estimate migration energies (Em ) for Li ion migration with the
“nudged elastic band” (NEB) method,21–23 as programed in the
QUANTUM ESPRESSO package. The “formation energies” Ef
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for producing vacancy-interstitial defects were calculated for
the same supercells. Surface properties were modeled using
a slab geometry within supercells containing an additional
10 bohrs representing the vacuum region. Properties of the
interface with Li were modeled using a periodic array of
electrolyte and metallic slabs. The volume available for the
lithium slabs was determined by constrained optimization.
The partial densities of states N a (E) were calculated as
programed in the ABINIT17 package,24 based on an expression
of the form

Wnk Qank δ(E − Enk ).
(1)
N a (E) =
nk

In this expression a denotes an atomic site, Wnk denotes
the Brillouin-zone sampling and degeneracy weight factor
for band index n and wave vector k, and Enk denotes the
corresponding band energy. For each eigenstate nk and atomic
site a, the local density of states factor Qank is given by the
charge within the augmentation sphere of radius rca which can
be well approximated by



nk |pna l m pna l m |
nk qna l ;n l δli lj ,

Qank ≈
(2)
i i i
j i i
i i j i
ij

in terms of the radial integrals
 rca
qnai li ;nj li ≡
dr ϕnai li (r)ϕnaj lj (r).

(3)

0

nk  represents the pseudo-wave funcIn these expressions, |
tion, |
pnai li mi  represents the PAW atomic projector function
which is localized within the augmentation sphere about
the atomic site a, and ni li mi denotes radial and spherical
harmonic indices of the projector function.15,25 The function
ϕnai li (r) represents an all-electron radial basis function. The
augmentation radii used in this work are rcLi = 1.6, rcO = 1.2,
rcP = 1.7, and rcS = 1.7 in bohr units. Visualizations were
constructed using the XCRYSDEN26,27 and VESTA28 software
packages.
III. RESULTS
A. Properties of bulk materials
1. Crystal structures

The crystal structures of Li3 PO4 and Li3 PS4 are very similar
but not identical. For both compounds, the most stable structures are characterized by two different space groups which
are designated in the International Table of Crystallography29
by a high-symmetry P nma (no. 62) structure and a lowersymmetry P mn21 (no. 31) structure. In this paper we will
follow the naming conventions of the previous literature. For
lithium phosphate, β-Li3 PO4 refers to the P mn21 structure
and γ -Li3 PO4 refers to the P nma structure. By contrast for
lithium thiophosphate, γ -Li3 PS4 refers to the P mn21 structure
and β-Li3 PS4 refers to the P nma structure.30
The lowest energy structure for both materials is characterized by the P mn21 space group.2,6 For both Li3 PO4 and
Li3 PS4 , this structure is well defined in the sense that the
Wyckoff sites are fully occupied. While the lattice constants
of Li3 PO4 are approximately 80% of those of Li3 PS4 , the
fractional coordinates of the two materials are nearly identical

FIG. 1. (Color online) Ball and stick diagram of the unit cell of
the P mn21 structure of γ -Li3 PS4 . The Li, P, and S sites are depicted
with gray, black, and yellow balls, respectively. The roman “a” and
“b” indicate examples of Li sites with those Wyckoff labels.

as reported in previous work.31 A structural diagram of
γ -Li3 PS4 is shown in Fig. 1. Table I lists the optimized
lattice constants calculated for γ -Li3 PS4 in comparison with
the experimental results of Homma et al.2 who identified this
phase at room temperature. The corresponding comparison
for β-Li3 PO4 was presented in earlier work.7 As expected for
calculations using the LDA exchange-correlation functional,
the lattice constants are systematically underestimated, but the
fractional coordinates are well modeled.
The higher energy P nma structures for both Li3 PO4
and Li3 PS4 have also been well studied experimentally.
For Li3 PO4 , the phase transition from the P mn21 to the
P nma structure has been observed at 500 ◦ C,6 however the
high-temperature phase material has also been observed and
studied at lower temperatures. The phase transformation of
β-Li3 PS4 is more complicated. Single-crystal β-Li3 PS4 was
prepared by Mercier et al.4 by slow cooling from 500 ◦ C and
analyzed to have the P nma structure in 1982. On the basis
of differential thermal analysis, a phase transformation was
reported at 200 ◦ C in 1984,3 however, it was not until 2011
that Homma et al.2 determined the structures of both phases
from powdered samples. There is good agreement between
the structural results of Homma et al.2 measured at 364 ◦ C and
Mercier et al.4 measured at room temperature for the P nma
phase of Li3 PS4 . The differential thermal analysis by Homma
et al.2 finds the phase transformation to occur reversibly
between 270 and 364 ◦ C. The early results of Mercier et al.4
and the more recent results of Liu et al.1 show that it is possible
to prepare β-Li3 PS4 at room temperature.
The detailed structures of the P nma materials are more
complicated than those of the P mn21 materials. In γ -Li3 PO4 ,
the structure is described by full occupancy of the crystallographic sites,32 as shown in Fig. 2. A comparison of Figs. 1
and 2 shows that a crude approximation to the P nma structure
can be derived from the P nm21 structure by switching the
a and b axes and then doubling the unit cell along the a
axis. Additional differences are due to the orientation of the
phosphate or thiophosphate tetrahedra along the c axis. For
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TABLE I. Lattice parameters and fractional atomic positions for P mn21 crystals of γ -Li3 PS4 , comparing calculated values (“Calc.”) with
the experimental results measured at room temperature as reported in Ref. 2 (“Expt.”). The atomic sites are designated with their multiplicity
in the unit cell and their standard Wyckoff label as defined in Ref. 29.
Calc.
Lattice parameters
a
b
c

Expt.

Å

Å

7.55
6.45
6.05

7.71
6.54
6.14

Atom

Site

(x,y,z)

(x,y,z)

Li
Li
P
S
S
S

4b
2a
2a
4b
2a
2a

(0.243, 0.317, 0.000)
(0.000, 0.150, 0.488)
(0.000, 0.819, 0.999)
(0.221, 0.670, 0.888)
(0.000, 0.118, 0.886)
(0.000, 0.811, 0.337)

(0.250, 0.331, 0.018)
(0.000, 0.145, 0.486)
(0.000, 0.822, 0.994)
(0.219, 0.672, 0.886)
(0.000, 0.108, 0.888)
(0.000, 0.805, 0.323)

the P nma Li3 PS4 materials, further complication comes from
the fact that in β-Li3 PS4 , some of the Li sites are partially
occupied2,4 —namely the site labeled “b” in the Wyckoff
notation is found to have an occupancy of 70% while the
site labeled “c” is found to have an occupancy of 30%. In
order to perform simulations on idealized perfect crystals,
we considered three variations. The β-Li3 PS4 -b variation has
100% occupancy of the b site. The β-Li3 PS4 -c variation has
100% occupancy of the c site. These structures are visualized
in Fig. 3. We also studied the β-Li3 PS4 -c structure which was
computationally constructed by optimizing Li3 PS4 starting
with the fractional coordinates of γ -Li3 PO4 . The constructed
β-Li3 PS4 -c structure has 100% occupancy of a c site, but
the optimized fractional coordinates are much closer to those
of γ -Li3 PO4 (shown in Fig. 2) than to the coordinates of

FIG. 2. (Color online) Ball and stick diagram of the unit cell of
P nma structure of γ -Li3 PO4 . The P and O sites are depicted with
black and blue balls, respectively. The Li sites are shown with gray
and green balls for the Wyckoff “d” and “c” sites, respectively.

the other Li3 PS4 structures. The three idealized structures for
β-Li3 PS4 are compared with each other and with experiment
in Table II. The corresponding results for Li3 PO4 have been
presented in previous work.7 Interestingly, while the linear
dimensions of the phosphate materials are approximately 80%
of those of the thiophosphates, the fractional coordinates of the
corresponding structure (β-Li3 PS4 -c ) are generally the same
within ±0.03.
2. Heats of formation

An important result from computer optimization of the
various crystal structures is an assessment of the relative stabilities of the idealized structures of the lithium phosphates and
thiophosphates considered in this study. It is convenient to use

FIG. 3. (Color online) Ball and stick diagram of the unit cell of
P nma structures of Li3 PS4 . The P and S sites are depicted with
black and yellow balls, respectively. The Li sites are shown with gray
balls for the Wyckoff d sites. The pink balls correspond to the b sites
occupied in the β-Li3 PS4 -b structure while the green balls correspond
to the c sites occupied in the β-Li3 PS4 -c structure.
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TABLE II. Optimized lattice parameters and fractional atomic positions for three idealized structures of β-Li3 PS4 compared with the
experimental structure reported in Ref. 2 at 364 ◦ C. In the experimental structure, the Li 4b sites have an occupation factor of 70%, while the
Li 4c sites have an occupation factor of 30%. In the idealized structures, the occupation factors are 100% for all sites. The notation is the same
as that in Table I.
β-Li3 PS4 -b
Lattice parameters
a
b
c

β-Li3 PS4 -c

β-Li3 PS4 -c

Expt.

Å

Å

Å

Å

12.86
7.81
5.94

12.45
7.76
6.21

13.11
7.79
5.91

12.82
8.22
6.12

Atom

Site

(x,y,z)

(x,y,z)

(x,y,z)

(x,y,z)

Li
Li
Li
P
S
S
S

8d
4b
4c
4c
8d
4c
4c

(0.331, 0.031, 0.371)
(0.000, 0.000, 0.500)
N/A
(0.088, 0.250, 0.143)
(0.153, 0.030, 0.263)
(0.939, 0.250, 0.278)
(0.096, 0.250, 0.802)

(0.346, 0.001, 0.159)
(N/A)
(0.910, 0.250, 0.844)
(0.093, 0.250, 0.161)
(0.165, 0.034, 0.279)
(0.933, 0.250, 0.230)
(0.103, 0.250, 0.832)

(0.341, 0.006, 0.297)
(N/A)
(0.927, 0.250, 0.776)
(0.093, 0.250, 0.312)
(0.166, 0.034, 0.202)
(0.946, 0.250, 0.206)
(0.098, 0.250, 0.658)

(0.356, 0.013, 0.439)
(0.000, 0.000, 0.500)
(0.999, 0.250, 0.889)
(0.087, 0.250, 0.171)
(0.155, 0.046, 0.285)
(0.935, 0.250, 0.257)
(0.107, 0.250, 0.837)

the optimized energies found in these calculations to estimate
the heat of formation for each material using the methods
described in our earlier work.31,33 The heat of formation of
a material is determined relative to its decomposition into
elemental materials in their standard states as defined in the
CRC Handbook,34 and the results are presented in Table III.
The energies of the lithium phosphate and thiophosphate
materials reported in Table III show that the P mn21 phases
TABLE III. Heats of formation per formula unit calculated for the
listed reference and lithium phosphate and thiophosphate materials.
The structure is described in terms of the space group using the
notation of Ref. 29. When available, experimental values of H
from Ref. 34 and/or Ref. 35 are also listed.
Material

Structure

Hcal (eV)

β-Li3 PO4
γ -Li3 PO4
γ -Li3 PS4
β-Li3 PS4 -b
β-Li3 PS4 -c
β-Li3 PS4 -c

P mn21 (no. 31)
P nma (no. 62)
P mn21 (no. 31)
P nma (no. 62)
P nma (no. 62)
P nma (no. 62)

−21.23
−21.20
−8.37
−8.28
−8.25
−8.18

F m3̄m (no. 225)
P 63 /mmc (no. 194)
F m3̄m (no. 225)
P 63 /mmc (no. 194)
P 6/mmm (no. 191)
P 63 /mmc (no. 194)
R 3̄c (no. 167)
I 4̄2d (no. 122)
P 2/c (no. 13)
P 21 /c (no. 14)
P 63 /mmc (no. 194)
C2/c (no. 15)
R3c (no. 161)
F ddd2 (no. 43)
P nma (no. 62)
P 1̄ (no. 2)
P na21 (no. 33)

−6.10
−6.35
−4.30
−4.09
−1.60
−3.47
−5.37
−3.65
−12.75
−14.63
−0.94
−3.02
−15.45
−15.78
−2.45
−1.93
−4.84

Li2 O
Li2 O2
Li2 S
Li2 S2
α-Li3 N
Li3 P
LiNO3
LiPN2
LiPO3
Li2 SO4
N2 O5
P3 N5
h-P2 O5
o-P2 O5
P4 S3
P 2 S5
SO3

Hexp (eV)
−21.72

are the most stable. For the lithium phosphates, β-Li3 PO4 has
a lower energy than γ -Li3 PO4 by 0.03 eV/formula unit; while
for the lithium thiophosphates, γ -Li3 PS4 has a lower energy
than the most stable β-Li3 PS4 structure by 0.09 eV/formula
unit. Of the idealized β-Li3 PS4 structures considered in
this study, the β-Li3 PS4 -b was found to have the lowest
energy with a lower energy than the β-Li3 PS4 -c structure by
0.03 eV/formula unit. The calculations also suggest that the
β-Li3 PS4 -c structure is difficult to physically realize because
its computed energy is 0.1 eV/formula unit higher than that of
the β-Li3 PS4 -b structure.
In addition to the main materials of the current study, the
additional heat of formation results for related materials are
also reported in Table III, including a few results repeated
from the earlier work which were obtained using different
PAW datasets.16 Slight differences from the earlier numbers
are indicative of the numerical accuracy of the method. Where
possible, experimental values from Refs. 34 and 35 are listed.36
The comparison with experiment is necessarily qualitative
since finite-temperature effects were not taken into account
in the calculations and the experimental data are often lacking
precise phase information.

−6.20
−6.57
−4.57
−1.71
−5.01
−14.89
−0.45
−3.32
−15.53
−2.33
−4.71

B. Li vacancies and interstitials
1. P mn21 structured materials

Starting with the 128 atom supercell, we investigated the
energies associated with creating a Li+ vacancy or a Li+
interstitial. The relative energy for forming a vacancy in the b
site relative to that of the a site is 0.16 eV for β-Li3 PO4 ,
consistent with previous work,7 while it is much smaller
(−0.04 eV) for γ -Li3 PS4 .
Table IV lists the metastable interstitial sites found in βLi3 PO4 and γ -Li3 PS4 , showing interesting similarities. The
results for β-Li3 PO4 are nearly identical to our previous work.7
For γ -Li3 PS4 , the geometries of the interstitial configurations
are very similar to those of β-Li3 PO4 , but the relative energies
are quite different. For example, the second lowest energy
site for β-Li3 PO4 is I1 . However in γ -Li3 PS4 , the I and I I
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TABLE IV. Li ion interstitial energies for Li3 PO4 and Li3 PS4
in the P nm21 structure. The “I ” site energy is set to 0.0 eV. A
representative position of the site is given in terms of a representative
fractional coordinate (x,y,z) referenced to the primitive unit cell.

0.3

c-axis path
a-axis path

0.25

Label
I
I1
II

γ -Li3 PS4

Position

E (eV)

Position

E (eV)

(0.00,0.45,0.66)
(0.00,0.42,0.24)
(0.18,0.00,0.64)

0.00
0.30
0.37

(0.00 0.48 0.64)
(0.00 0.45 0.17)
(0.24 0.00 0.66)

0.00
0.44
0.00

Em (eV)

0.2

β-Li3 PO4

0.15
0.1
0.05
0

sites have comparable energies, while the I1 site has an energy
similar to several other metastable interstitial sites that are
much higher in energy than the I and I I sites. The location
of the distinct interstitial sites and their symmetric equivalents
are visualized in Fig. 4 together with labeled vacancy sites.
We considered various Li+ migration mechanisms for γ Li3 PS4 following a similar study for β-Li3 PO4 presented in
earlier work.7 These are shown in Fig. 5 for diffusion paths
along the a and c axes where the maximum migration barrier is
found to be Em = 0.3 eV. The paths from the NEB calculations
are visualized in Fig. 5. Our analysis shows that the diffusion
along the b axis is energetically less favorable. While we did
not find any energetically favorable paths involving only the
interstitial sites, the a-axis path between vacancy sites b2 and
a2 passes close to the interstitial site of type I I where it lowers
the configuration energy.
The activation energy EA for Li ion conduction within the
electrolyte involves not only the migration energy Em , but also
the formation energy Ef . The formation energy involves the
process of a Li ion moving from its perfect lattice site to form
a vacancy and interstitial pair. Using reasonable assumptions
of thermal equilibrium, the total activation energy EA for ionic
conductivity is given by37
EA = Em + 12 Ef .

(4)

From our supercell model, we can estimate Ef for γ -Li3 PS4 .
The lowest energy vacancy-interstitial defect structure that

II

b1
a1

b3

b2

I1
I

a3

a2
FIG. 4. (Color online) Ball and stick diagram of β-Li3 PO4 with
superposed interstitial sites. The Li, P, and O sites are depicted with
gray, black, and blue balls respectively. The equivalent positions for
the I , I I , and I1 sites are depicted with pink, green, and orange balls
respectively.

-0.05a
1

b2

a2

b3

a3

b1

a1

b2

FIG. 5. (Color online) Energy diagram for Li vacancy migration
along the a and c axes for γ -Li3 PS4 . The energy scale is taken to be
the same as that given in Table IV; that is, zero energy is referenced
to the configuration for the Li vacancy at a site of type a.

we have found so far is formed from a b vacancy and an
interstitial of type I I , with an energy Ef = 0.8 eV. From
this analysis, our calculations estimate the activation energy
for Li ion migration in γ -Li3 PS4 to be EA = 0.7 eV, which
is larger than the experimental value38 of EA = 0.5 eV.2,3 By
contrast, previous calculations7 estimated the activation energy
for Li ion migration in β-Li3 PO4 , to be EA = 1.4–1.6 eV with
Ef ≈ 2.1 eV.
2. P nma structured materials

Starting with the 128-atom supercell, we investigated the
energies associated with creating a Li+ vacancy or a Li+
interstitial. The main focus of this study is the β-Li3 PS4 -b
material, since it is the closest to the experimentally observed
structure. Although the detailed structures are different, the
results for this lithium thiophosphate can be compared with
those of γ -Li3 PO4 studied in previous work.7
For γ -Li3 PO4 , the relative energy for forming a vacancy
in the c site relative to that of the d site was found to be
−0.21 eV.7 By contrast, for β-Li3 PS4 -b, the relative energy
for forming a vacancy in the b site relative to that of the d
site was found to be 0.24 eV. The metastable interstitial site
geometries were also found to be quite different for β-Li3 PS4 -b
compared with γ -Li3 PO4 . For β-Li3 PS4 -b, the most stable
interstitial site occurs at four sites equivalent to the site with
fractional coordinates (0.94, 0.25, 0.72). This interstitial site
can be characterized by the Wyckoff “c” label and its location
is geometrically close to the c sites occupied in the β-Li3 PS4 -c
and β-Li3 PS4 -c structures listed in Table II. The structure of
the ideal β-Li3 PS4 -b crystal with the most stable interstitial
sites and site labels for possible migration paths is given in
Fig. 6. Other metastable interstitial sites were found at relative
energies 0.4 eV higher, located in the void channels of the
crystal similar, but not identical to those found in γ -Li3 PO4 .7
Using the NEB analysis, we found plausible paths along
each of the crystallographic directions as shown in Figs. 7
and 8. For the a-axis path shown in Fig. 7, which involves both
b and d vacancy sites, the migration energy of Em = 0.3 eV
is controlled by the b1 ↔ d1 step. For the b-axis path shown
in Fig. 8, which involves migration between d sites only, the
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0.3
b-axis path

c-axis path

b1’
0.2
Em (eV)

d4
d3

0.1

b2
d7
d1"
d1’

0

d2

d6
d5

d1

-0.1
d1

b1

d5

d6

d7

d1’ d1’

d7
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FIG. 8. (Color online) Energy diagram of NEB path for Li
vacancy migration along the b and c axes for β-Li3 PS4 -b.
FIG. 6. (Color online) Ball and stick diagram of β-Li3 PS4 -b
structure using the same convention used in Fig. 3 except the Li
sites of the perfect lattice are indicated with gray balls, while the
low-energy interstitial sites (having “c” symmetry) are indicated with
green balls. The site labels are used to indicate possible vacancy
migration paths.

migration energy is also found to be approximately Em =
0.3 eV. This is caused by the fact that the vacancy migration
step d1 ↔ d5 includes a lower energy configuration when the
migrating ion passes the vicinity of the interstitial c site. The
energy difference between this more stable configuration and
the energy barrier during the d5 ↔ d6 step causes the overall
migration energy to be Em = 0.3 eV. In addition to the path
shown in Fig. 8, another migration path along the b axis was
found to have a migration barrier of Em = 0.2 eV. This lower
barrier path involves hopping between nearest-neighbor b
vacancy sites. The most probable vacancy migration along the
c axis was found to be a zigzag path between nearest-neighbor
d sites which results in a migration barrier of Em = 0.2 eV as
shown in Fig. 8.
0.3

a-axis path

From our supercell model, we can estimate Ef for βLi3 PS4 -b. For a vacancy-interstitial defect formed from a
b vacancy and a c interstitial, we find Ef = 0.1 eV; for a
vacancy-interstitial defect formed for a d vacancy and a c
interstitial, we find Ef = 0 eV. These very small values of
Ef indicate that there is a nearly temperature-independent
population of vacancies/interstitials in this system and that
the temperature-dependent conductivity is dominated by the
migration energies; the calculated range of values of EA for
this system is between 0.2 and 0.3 eV. Experimental results are
reported1–3 in the range 0.4–0.5 eV. By contrast for γ -Li3 PO4 ,
the vacancy-interstitial pair was estimated to be 1.7 eV and
EA was estimated7 to be in the range 1.1–1.3 eV in good
agreement with experimental measurements.39
C. Interfaces
1. Interfaces of electrolyte with vacuum

In order to develop our understanding of electrolyte
interfaces, we start with well-defined ideal surfaces in the
presence of vacuum. The surface energy of a material measures
the energy to cleave a surface of a bulk material. This can be
related to the heat of formation according to the following
formula normalized per formula unit:40
Htotal = Hbulk + σ A.

Em (eV)

0.2

0.1

0

b1

d1

d2

b2

d3

d4

b1’

FIG. 7. (Color online) Energy diagram of NEB path for Li
vacancy migration along the a axis for β-Li3 PS4 -b. The energy scale
is zeroed at the configuration for the Li vacancy at the d site.

(5)

Here Htotal represents the heat of formation per formula unit
of the system in the slab geometry, Hbulk represents the heat
of formation of the bulk system per formula unit (as given in
Table III for example), A represents the area of the slab per
formula unit, and σ represents the extra energy per surface
area associated with the surface formation.
Surface energies calculated for several surface planes of the
Li3 PO4 and Li3 PS4 electrolytes are given in Table V. These
were obtained for each configuration by fitting Eq. (5) from
values of Htotal calculated for slabs of different thicknesses.
In this study we focused on the surface configurations likely to
represent the lowest energy structures. These were generated
by assuming that no P-O or P-S bonds should be broken
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TABLE V. Surface energies σ in units of eV/Å2 for selected
surface cleavage planes of Li3 PO4 and Li3 PS4 .
Material

Plane

σ (eV/Å2 )

β-Li3 PO4 (P mn21 )
γ -Li3 PO4 (P nma)
γ -Li3 PO4 (P nma)
γ -Li3 PO4 (P nma)

[010]
[100]
[010]
[100]a

0.039
0.040
0.073
0.078

γ -Li3 PS4 (P mn21 )
β-Li3 PS4 -b (P nma)
β-Li3 PS4 -c (P nma)
β-Li3 PS4 -c (P nma)

[010]
[100]
[100]
[100]

0.020
0.020
0.015
0.012

Li3 PS4 along the a axis which are needed to construct [100]
slabs. It is interesting that with the minor exception of the βLi3 PS4 -c structure, all of the results are accurately represented
by a straight-line fit to Eq. (5), the slope of which determines
the surface energy σ reported in Table V. Figure 9 also shows
that for very thin layers of these ideal slabs (containing 1 unit
cell in the layer), the β-Li3 PS4 -c and β-Li3 PS4 -c structures
have lower energy than the corresponding thin layers of the
β-Li3 PS4 -b and γ -Li3 PS4 structures.
2. Li3 PO4 interface with Li

a

This represents a “rough” [100] surface due to an additional Li3 PO4
group.

and that the system should remain neutral. The P mn21 [010]
cleavage is geometrically similar to the P nma [100] cleavage
and the values of σ listed in Table V for both Li3 PO4 and
Li3 PS4 show that these surfaces are the energetically most
favorable. Table V lists results for a few other surfaces
including a “rough” surface which have larger surface energies.
The total energy and stability of ideal thin films follows
Eq. (5), which in most cases is governed by the bulk energy
Hbulk . Since the surface energy of the two most energetically
favorable cleavages of Li3 PO4 ([010] for β-Li3 PO4 and [100]
for γ -Li3 PO4 ) are nearly identical we can conclude that the
β-Li3 PO4 structure is more stable than the γ -Li3 PO4 , even for
very thin (large area/formula unit) films. However for Li3 PS4 ,
this is not the case.
Figure 9 plots Htotal versus surface area for several of the
Li3 PS4 slab simulations performed in this study. The integers in
parentheses indicated on the plot report the number of unit-cell
layers in each of the simulations slabs. The values at A = 0
were taken from the bulk results reported in Table III. Since the
unit cell for γ -Li3 PS4 contains only one layer of Li3 PS4 along
the b axis, thinner [010] slabs could be simulated compared
with the β-Li3 PS4 structures which contain two layers of

We investigated several ideal models of Li3 PO4 surfaces in
close proximity to metallic Li surfaces. An example simulation
is shown in Fig. 10 which shows the relaxed structure of a twolayer [010] slab of β-Li3 PO4 together with several layers of
pure Li. By performing the calculations with several different
initial Li slab geometries, we find that the qualitative results
are insensitive to the number and structure of Li atoms in the
slab representing the anode. Typically the relaxed structure
accommodates the metallic Li atoms with an approximate
volume of 18 Å3 per atom.
Figure 10 shows a physically well-defined interface
between the electrolyte and Li anode material. In addition to
the physical stability of the interface, the partial density of
states analysis suggests that the interface is chemically stable
as well. Figure 11 shows the partial density of states of the
supercell shown in Fig. 10. Here it is seen that the metallic
states are energetically above the occupied electrolyte states.
In this supercell the metallic states are separated from the
electrolyte states with a small energy gap of 0.3 eV. This
property is common to all of the lithium metal interfaces
with lithium phosphate surfaces that we have studied. The
Fermi level indicated in Fig. 11 depends on the number of
metallic Li’s included in the supercell (in this case 14). While
LDA calculations such as those presented here typically
underestimate band gaps of insulating materials, it is expected

ΔHtotal (eV/Formula Unit)

-7.4
(1)

-7.6
-7.8

(1)
(2)
(3)

-8.0
(2)
-8.2

(3)
(4)

-8.4
0

10

γ-Li3PS4 [010]
β-Li3PS4-b [100]
β-Li3PS4-c [100]
β-Li3PS4-c’ [100]

20
30
2
A (Å /Formula Unit)

40

50

FIG. 9. (Color online) Plot of Htotal versus surface area A
for slab calculations of various structures of Li3 PS4 with various
slab thicknesses. The lines correspond to Eq. (5). The integers in
parentheses indicate the number of unit cell layers in each of the
simulation slabs.

FIG. 10. (Color online) Ball and stick representation of optimized
structure of an ideal [010] slab of β-Li3 PO4 with several layers of
Li. The supercell contains four formula units of β-Li3 PO4 and 14 Li
atoms. The Li, P, and O sites are depicted with gray, black, and blue
balls, respectively.
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that the qualitative features of the partial densities of states
are reliable.
3. Li3 PS4 interface with Li

While these computational results clearly indicate that
metallic Li reacts with the Li3 PS4 electrolyte, the experimental
literature suggests otherwise. For example, it has been shown1
that Li3 PS4 can be cycled many times with a Li metal anode.
One possible explanation of the apparent stability of the Li3 PS4
electrolyte is that a stable thin buffer layer containing Li2 S
is formed during the first few cycles.41 In order to explore

2

a

In contrast with the lithium phosphate materials, models
of ideal Li3 PS4 surfaces were found to be structurally (and
chemically) altered by the presence of Li metal atoms as shown
in Fig. 12. In this example, a two-layer [010] slab of γ -Li3 PS4
is prepared in vacuum and one Li atom per formula unit is
placed in the vacuum region of the supercell [Fig. 12(a)]. After
this initial configuration is allowed to relax, the thiophosphate
ions at the surface layer are found to be significantly altered in
the relaxed structure, as shown in Fig. 12(b). The (meta)stable
structure shown in Fig. 12(b) was generated by the optimization algorithm of the QUANTUM ESPRESSO software18 and may
not represent a physically realizable structure. On the other
hand, the qualitative result that metallic Li breaks the S-P bonds
at a surface of γ -Li3 PS4 is a clear conclusion of this analysis.
We observed similar behavior for several different initial Li
slab geometries and for simulations of slabs of β-Li3 PS4 in
the presence of Li metal as well.

FIG. 13. (Color online) (a) Relaxed structure of a [010] slab of
γ -Li3 PS4 with buffer layers of Li2 S. The supercell contains four units
of Li3 PS4 and eight units of Li2 S. (b) Relaxed structure of buffered
electrolyte shown in (a) with the addition of 14 Li atoms in the
supercell.

N (E) (electrons/[sphere eV])

FIG. 11. (Color online) Partial density of states plot of β-Li3 PO4
electrolyte in the Li presence of Li layers as shown in Fig. 10. The
energy scale for the plot was adjusted to the top of the filled valence
band of the β-Li3 PO4 layer. The weight factors for the partial densities
of states are given by Eq. (2) for each type of atomic site a, averaged
over sites of the same type.

Li3PS4

1.5
1
0.5
0
0.5

Li2S

EF
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Li (x2)
P
S
-8 -6 -4 -2 0

2
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FIG. 12. (Color online) Ball and stick representation of Li3 PS4
surfaces with Li, P, and S sites depicted with gray, black, and yellow
balls, respectively. (a) Ideal [010] slab of γ -Li3 PS4 with initial
position of Li atoms. The supercell contains four formula units of γ Li3 PS4 and four Li atoms. (b) Relaxed structure of configuration (a).

FIG. 14. (Color online) Partial density of states plot of γ -Li3 PS4
electrolyte, buffered with Li2 S in the presence of Li layers as shown
in Fig. 13(b). The upper panel shows the states associated with the γ Li3 PS4 and the lower panel shows the states associated with the Li2 S
buffer layer. Both panels show the contributions from the metallic Li
layer. The energy scale for the plot was adjusted to the top of the
filled valence band of the γ -Li3 PS4 layer. The weight factors for the
partial densities of states are given by Eq. (2) for each type of atomic
site a, averaged over sites of the same type.
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this possibility computationally, we added a two-layer “thin
film” of Li2 S on both sides of the γ -Li3 PS4 slab as shown
in Fig. 13(a). The thin film of cubic Li2 S was oriented in
its nonpolar [110] direction. The optimized lattice constants
for the composite slab are within 0.1 Å of those computed
for vacuum conditions. Two Li2 S groups are accommodated
along the a axis with a compression of approximately 0.3 Å,
while one Li2 S group is accommodated along the c axis with
an expansion of approximately 0.4 Å in comparison to cubic
Li2 S. While the construction of this buffer layer is not unique,
this structure was found to be very stable with a binding energy
of −0.9 eV/(reference unit) compared with the separated units
calculated in the same supercell. (In this case the reference unit
is Li3 PS4 plus 2Li2 S.) Now, when Li metal is introduced in
the vicinity of the buffered Li3 PS4 electrolyte slab, a stable
interface between the electrolyte and Li metal is achieved as
shown in Fig. 13(b).
Investigating the buffered electrolyte system [Fig. 13(b)]
further, we determined the partial density of states of the
system as shown in Fig. 14. Here we see that, while the energy
distribution of the electrolyte and anode states are not as well
separated as in the lithium phosphate case, most of the metallic
spectrum lies energetically above the electrolyte and buffer
states.
IV. SUMMARY AND CONCLUSIONS

The literature reporting experimental studies of lithium
(thio)phosphates has generated a number of basic materials
questions:
(1) What is the cause of the differences between the bulk
phases of Li3 PO4 and Li3 PS4 ; particularly what causes the
fractional occupancies of the Li site configurations found in
β-Li3 PS4 ?
(2) What is the mechanism for stabilizing the hightemperature phase β-sulfur structure at room temperature
and the corresponding improvement in ionic conductivity
described in Ref. 1?
(3) How is it possible to stabilize the interface between pure
Li3 PS4 and metallic lithium?
The results of the present simulations can be used to
partially answer these questions.
On the subject of the bulk crystal structures, we can
say the following. The simulations do a very good job of
modeling the competing interactions which determine the most
energetically favorable crystalline geometries. In particular,
the observation that both Li3 PO4 and Li3 PS4 have their lowest
energy structures with P mn21 symmetry is well represented
by the simulations. For the higher energy structures with
P nma symmetry, the detailed structures are more complicated.
The simulations show that the most stable Li3 PO4 structure
with P nma symmetry (γ -Li3 PO4 ) corresponds to a Li3 PS4
structure which we call β-Li3 PS4 -c which has relatively high
energy and is therefore unlikely to be physically realizable.
The simulations find the most stable ordered configuration
of β-Li3 PS4 (which we call β-Li3 PS4 -b) is characterized by
100% occupation of the b and d sites. As shown in Table II, this
ideal structure compares well with the experimental structure
which has 70% occupation of the b sites, 30% occupation
of the c sites, and 100% occupation of the d sites. While our

simulations cannot directly account for the fractional site occupancies, the supercell simulations of the β-Li3 PS4 -b structure
show that the most energetically favorable interstitial site of the
material has c symmetry and has fractional coordinates close to
those of the simulated β-Li3 PS4 -c and β-Li3 PS4 -c structures
and to those of the related experimental analysis. It is also
interesting that the simulations show that the formation energy
for a vacancy-interstitial pair in the β-Li3 PS4 -b structure is
Ef  0.1 eV. Therefore, it seems likely that a Boltzmann
populations argument could be made in support of the partial
occupancy of the Li sites in the β-Li3 PS4 structure that has
been reported in the experimental literature.2–4
In addressing the stabilization mechanism for β-Li3 PS4
in the nanoporous structure described in Ref. 1, we initially
investigated the structural stability of very thin ideal slabs.
From the results presented in plots of total energy versus
surface area shown in Fig. 9, surface energies can effect the
lowest energy phase for very thin ideal films. However, this
effect is likely to be of academic (not practical) interest, since
it occurs only for extremely thin films under ideal vacuum
conditions. On the other hand, there are many examples in the
literature of metastable structures being formed with the help
of kinetic barriers which inhibit phase transitions to lower
energy states. This may be an appropriate explanation for
existence of the β-Li3 PS4 structure at room temperature.
The calculated results for the ion migration energies in
idealized models of Li3 PS4 are not in numerical agreement
with the published experimental results. The experimental
measurements1–3 indicate that EA = 0.5 and 0.4 eV for the
γ and β structures respectively. Our simulation results for
the γ phase overestimate experiment with EA = 0.7 eV,
while for the β phase, they underestimate experiment with
EA = 0.2 or 0.3 eV. For both phases, the NEB simulations
estimate the ion migration energies to be Em = 0.2–0.3 eV.
However, our estimates of the “formation” energy Ef for an
interstitial-vacancy pair are very different for the two Li3 PS4
structures. For γ -Li3 PS4 , the most energetically favorable
energy that we have found so far is Ef = 0.8 eV. On the basis
of Eq. (4), the calculated activation energy is EA = 0.7 eV.
Perhaps a smaller Ef can be found for this material that would
put the simulations closer to the experimental finding. For the
β phase, the most energetically favorable formation energy
is essentially negligible, and EA ≈ Em . It is reasonable to
speculate that this underestimate of EA for β-Li3 PS4 is due to
the neglect of additional contributions to the activation process
at the electrolyte boundaries due to buffer layers which exist
on the outer surfaces. Additional simulations are needed to
investigate this possibility.
On the subject of the interface structures between the
electrolyte and lithium metal, our results are very interesting.
The simulations of an interface between Li3 PO4 and metallic
lithium indicate ideal behavior with physical and chemical
stability as illustrated in Figs. 10 and 11. Another measure
of phase stability developed by Ong et al.42 comes from the
consideration of the possible decomposition of the electrolyte
in the presence of a reservoir of metallic Li.43 From the heat
of formation results presented in Table III, the reaction
Li3 PO4 + 8Li → Li3 P + 4Li2 O
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is predicted to be exothermic, suggesting that the Li3 PO4 /Li
interface is thermodynamically unstable. However, the results
presented in Sec. III C2 suggest that there is a significant
kinetic barrier in this system which stabilizes the interface
in the absence of any external fields. Presumably this barrier
is related to the energetic and physical confinement of the
metallic electron density within the anode slab making them
unavailable to participate in the decomposition reaction of
Eq. (6). In fact, the reaction described by Eq. (6) requires the
addition of eight electrons to transform the form of phosphorus
from P+5 in Li3 PO4 to P−3 in Li3 P. While our ideal simulations
do not consider the effects of an external electric field and other
aspects of real battery operation, the computed stability of the
Li3 PO4 interface is consistent with the experimental studies
of the related LiPON/Li interface which has been shown to
maintain its basic structure even after thousands of Li cycles.44
By contrast, the results of our simulations illustrated in
Figs. 12 and 13 show that even for an idealized structure of
Li3 PS4 , the stability issue is nontrivial. We have shown that the
pure Li3 PS4 surface is unstable in the presence of Li metal, but
that a very thin buffer layer of Li2 S can protect the surface from
degradation. In the experimental processing, it is possible that
this buffer layer forms naturally during the first few cycles of
battery operation, much like the solid-electrolyte interphase
(SEI) layer forms in liquid electrolytes. Not surprisingly,
from the heat of formation results presented in Table III, the
reaction
Li3 PS4 + 8Li → Li3 P + 4Li2 S

(7)

is predicted to be highly exothermic, suggesting that the
Li3 PS4 /Li interface is thermodynamically unstable. Presumably, the buffer layer can provide a kinetic barrier by confining
the electron density to the anode region and inhibiting the
electron availability needed to change the charge state of
phosphorus as discussed for the Li3 PO4 case above. It is
reasonable to speculate that the increased ionic conductivity
reported1 for nanoporous β-Li3 PS4 (compared with other
preparations of β-Li3 PS4 ) might be due to the stabilization of
a favorable SEI compared to that of other preparations. Further
modeling work is needed to study how the buffer layer effects
the overall conductivity and performance of the electrolyte.
Further collaboration between modeling and experiment could
compare the properties of an ideal buffer layer such as that
modeled in the present work with the properties of a buffer
layer formed in experimental conditions by cycling a pure
Li3 PS4 /Li cell.
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